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1Abstract
Producing the next generation of engineering materials requires new
approaches to materials processing. Metal-ceramic composites, especially those with
nanoscale features, offer promising combinations of properties, but are underutilized
due to complex processing requirements. Two keys to maximizing their impact are
tailoring the composite microstructures for particular applications and producing them
in a versatile form for simplified processing. Exploiting phase transformations such as
eutectoid decomposition and partial reduction of mixed oxides presents a
straightforward means of producing composites with tunable microstructures. By
fabricating composites in powder form, versatility is maximized for subsequent
processing. These approaches were explored in the Co-Ti-O and Cu-Al-O systems
and the resulting composites were characterized through XRD, SEM, EBSD, TEM,
nanoindentation, and microcantilever beam bending. In-situ partial reduction was
utilized to generate novel Co-TixOy composites, including nanocomposites, through
the reduction of CoTiO3. The effect of processing variables on the properties of the
composites was evaluated through nanoindentation of the embedded cobalt particles.
CoTiO3-TiO2 composites were also generated through a eutectoid transformation from
the CoTi2O5 phase. Subsequently applying partial reduction to this composite
produced a unique Co-TiO2 composite with a layered microstructure. During this
investigation, a novel single crystal growth mechanism was observed in the CoTi2O5
phase, which could be utilized to produced CoTiO3-TiO2 and Co-TiO2 composites
with controllable microstructures and crystal orientations. In the Cu-Al-O system, a
2scalable processing approach was demonstrated utilizing partial reduction yielding
metal-ceramic nanocomposite powders. Partial reduction of the mixed oxide CuAlO2
resulted in a Cu-Al2O3 composite with a nanoscale layered structure. Consolidation of
the composite powder through low temperature techniques offers a scalable approach
for producing dense metal-ceramic composites with a layered nanoscale
microstructure. The many useful properties of the constituent phases in conjunction
with the range of controllable microstructures demonstrates that the in-situ partial
reduction technique has excellent potential for metal-ceramic composite production.
31. Overview of Projects
1.1. Novel metal-ceramic composite microstructures produced through the
partial reduction of CoTiO3
Metal-ceramic composites exhibit desirable combinations of materials
properties, but are limited by the complexity of processing, particularly for metal-
ceramic nanocomposites.  The in-situ partial reduction technique is a simple
processing method that can be used to produce tailorable metal-ceramic composite
microstructures.  In this work, in-situ partial reduction was utilized to generate novel
Co-TixOy composites, including nanocomposites, through the reduction of CoTiO3.
By modifying the temperature (800°C – 1400°C) and time (1 – 8 hour) of reduction,
composites with varying cobalt particle size and cobalt grain size were fabricated.
Differences in the cobalt crystal structure and nature of the titanium oxide phase were
also observed.  The lowest-temperature heat treatments resulted in metal-ceramic
nanocomposites.  The Co-TixOy composites were characterized through scanning
electron microscopy (SEM), electron backscatter diffraction (EBSD), transmission
electron microscopy (TEM), and X-ray diffraction (XRD).  The effect of processing
variables on the properties of the composites was evaluated through nanoindentation
of the embedded cobalt particles, and it was found that cobalt particle hardness is
strongly correlated with grain size.  The many useful properties of cobalt and titanium
oxide, in conjunction with the range of controllable microstructures, demonstrates that
the in-situ partial reduction technique has excellent potential for metal-ceramic
composite production. The objectives of this project were to characterize Co-TiO2
4composite microstructures resulting from CoTiO3 reduction, determine the effects of
processing variables on composite microstructure, produce nanocomposites by
applying knowledge of processing variables, and characterize the hardness of
composites through nanoindentation.  The details of this project can be found in
Chapter 2.
1.2. Co-TiO2 nanocomposite produced through partial reduction of CoTiO3-
TiO2 eutectoid composite
Metal-ceramic composites, particularly those with nanoscale features, offer
unique properties for niche applications.  However, microstructural engineering of
these composites is limited in traditional processing techniques such as melt-
infiltration and hot-pressing.  Exploiting phase transformations offers a
straightforward approach for producing composites with unique and tunable
microstructures.  For example, the partial reduction of mixed oxides is a simple
technique that yields metal-ceramic composites with microstructural scale dependent
on annealing time.  By applying partial reduction to lamellar ceramic composites
generated through eutectoid decomposition, additional control and complexity can be
exerted on the metal-ceramic composite microstructure.  This approach was employed
using powder compositions in the Co-Ti-O system. CoTiO3-TiO2 composites were
generated through the eutectoid decomposition of the CoTi2O5 phase, with
interlamellar spacing dependent on annealing time.  An orientation relationship
between CoTiO3 and TiO2 within the eutectoid composites was identified.  By
5applying a reducing heat treatment, these eutectoid composites were subsequently
converted to Co-TiO2 composites with nanoscale Co particles at the former CoTiO3-
TiO2 phase boundaries.  The crystallographic orientation of the TiO2 matrix in the
metal-ceramic composite was found to be dependent on the TiO2 orientation in the
eutectoid composite.  The microstructures and microstructural evolution of the
CoTiO3-TiO2 and Co-TiO2 composites were characterized with SEM, EBSD, XRD,
and TEM. The objectives of this project were to produce CoTiO3-TiO2 composites
through eutectoid decomposition of CoTi2O5, to produce lamellar Co-TiO2 composites
through partial reduction of CoTiO3-TiO2 eutectoid composites, and to characterize
and determine the effect of processing variables on the composite microstructures.
The details of this project can be found in Chapter 3.
1.3. Single crystal growth of CoTi2O5 by solid state reaction synthesis
Single crystal materials have unique properties resulting from the absence of
grain boundaries, but producing these materials is typically a slow and complex
process.  In this work, pseudo-single crystal powders of the pseudobrookite compound
CoTi2O5 were synthesized by solid-state reaction in a duplex grain mixture of CoTiO3
and TiO2.  The transformation and subsequent microstructural evolution of the
CoTi2O5 was studied by scanning electron microscopy (SEM), electron backscatter
diffraction (EBSD), transmission electron microscopy (TEM), scanning transmission
electron microscopy (STEM), and X-ray diffraction (XRD).  A novel growth
mechanism was identified whereby a single crystal CoTi2O5 front advances
6simultaneously along multiple CoTiO3 /TiO2 diphasic boundaries.  The single crystal
domains were composed of subgrains; differences in the subgrain size and
misorientation were related to the growth mechanism and the initial grain size of the
duplex CoTiO3 -TiO2 mixture.  The conditions under which eutectoid decomposition
of the CoTi2O5 took place were also explored.  CoTi2O5 is a little characterized
compound, and this study represents the most significant microstructural study of
CoTi2O5 to date.  The findings may be applied to similar pseudobrookite compounds
such as MgTi2O5 and Al2TiO5. The objectives of this project were to determine the
mechanism of texturing in the reacted CoTi2O5, determine the mechanism of subgrain
formation, and determine the effect of processing conditions on the CoTi2O5
microstructure.  The details of this project can be found in Chapter 4.
1.4. Novel Scalable Processing and Mechanical Characterization of a Cu-
Al2O3 Layered Nanocomposite
Metal-ceramic composites ideally retain the hardness and stiffness of ceramic
materials while showing improved fracture toughness due to the incorporation of the
metallic phase. However, the processing of metal-ceramic nanocomposites is
typically complex and limited to laboratory scale. The partial reduction of mixed
oxides offers a straightforward method of producing metal-ceramic composites with
tailorable microstructure but is also impeded by issues of scaling. A novel, scalable
processing approach was demonstrated utilizing the partial reduction of mixed oxide
powders followed by consolidation, yielding dense, uniform metal-ceramic
7nanocomposites. Partial reduction of the mixed oxide CuAlO2 yields a Cu-Al2O3
composite with a nanoscale layered structure. The fracture toughness of bulk Cu-
Al2O3 composite was evaluated through bend testing of microcantilever beams
fabricated with FIB, and a strong anisotropy resulting from the layered microstructure
was discovered. Layered Cu-Al2O3 nanocomposites in powder form were created
through partial reduction of CuAlO2 powder. The influence of precursor CuAlO2
powder particle size, and reduction conditions including time, temperature, and pO2 on
the morphology and scale of the metal-ceramic phases was explored. Multiple
approaches for scalable consolidation of the resulting composite powders while
preserving their nanostructure were explored including spark plasma sintering and
aerosol spray deposition. Use of the powders as a rapid prototyping feedstock was
demonstrated through aerosol spray deposition, resulting in fully dense,
nanostructured films up to 50 µm thick. Powder microstructures and consolidated
composite material were characterized through XRD and SEM. Consolidated
composites were further characterized through microindentation. The objectives of
this project were to characterize the fracture toughness of lamellar Cu-Al2O3
composites produced through partial reduction of CuAlO2, to produce lamellar Cu-
Al2O3 composites in powder form through a novel scalable process, to determine the
effect of processing variables on the Cu-Al2O3 powder composite microstructure, to
consolidate the powder Cu-Al2O3 composite into bulk, and to mechanically
characterize the resulting bulk Cu-Al2O3 composites.  The details of this project can be
found in Chapter 5.
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Novel metal-ceramic composite microstructures produced through the partial
reduction of CoTiO3
92. Novel metal-ceramic composite microstructures produced through the partial
reduction of CoTiO3
2.1. Introduction
Given the diverse and dissimilar physical properties of metals and ceramics,
composites of these two classes of materials offer the potential for unique
characteristics with niche applications. However, a primary obstacle in the
development of metal-ceramic composites—and nanoscale composites in particular—
is the complexity of processing.  Common methods include melt infiltration 1–3,
pressureless sintering 4–6, hot pressing 7–9, and directed metal oxidation 10–12. It is also
worth recognizing that the majority of metal-ceramic composites consist of a dispersed
ceramic phase in a metal matrix.  This is in part due to the requirement for a ductile
matrix but is also the result of processing constraints.
The composite processing technique utilized in this work, in-situ partial
reduction, results in a metal phase dispersed in a ceramic matrix and offers a relatively
simple approach for generating metal-ceramic composites with controllable
microstructures.  By annealing a mixed oxide compound under reducing conditions
the oxide is partially reduced, yielding a two-phase metal-ceramic composite material
(see equation 1).
(1) → + +
Clearly, a large difference in the stability of the component oxides (AOx, BOy)
is critical such that processing conditions exist where only one of the component
oxides is selectively reduced to metal. In principle, by increasing the reduction
10
temperature or extending reduction time the microstructure can be coarsened, resulting
in larger scale metal phase.  Conversely, at low temperatures and short reduction
times, metal-ceramic nanocomposites may be obtained. The partial reduction
technique has been applied to many materials systems including Ni-Mg-O 13–15, Cr-Al-
O 16, Ni-Al-O 17–19, Fe-Mn-O 20, and Mg-Cu-O 21 among others. The studies by Yu et
al.22 and Kracum et al.23 revealed that partial reduction of CuAlO2 gives rise to
novel, hierarchical Cu-Al2O3 structures.
In this work, composites with novel microstructures including metal-ceramic
nanocomposites of cobalt and titanium oxide were generated from the reduction of
bulk CoTiO3 through the in-situ partial reduction technique. The significant
difference in the free energy of formation of cobalt oxide and titanium oxide makes
CoTiO3 an ideal composite precursor. Due to the role of ilmenite as the basic raw
material for titania, the kinetics of the reduction of FeTiO3 has been widely explored
24–30; relatively few studies, however, have focused on CoTiO3 31,32, and no previous
studies have explored microstructural evolution during CoTiO3 reduction. Co-TiO2
composites have been explored as Fischer-Tropsch catalysts 33,34 and wear resistant
biocompatible coatings 35.
The primary goal of this work was to study the effect of annealing time and
temperature on the microstructure of Co-TixOy composites generated by partial
reduction of CoTiO3. Composites were characterized using scanning electron
microscopy (SEM), electron backscatter diffraction (EBSD), transmission electron
microscopy (TEM), and X-ray diffraction (XRD). Additionally, microstructurally-
11
dependent properties were investigated to illuminate the processing-structure-
properties relationships in the composite. Specifically, nanoindentation was
performed on cobalt particles within the different composites to assess their hardness
with respect to microstructural variables including cobalt particle size, cobalt grain
size, and cobalt crystal structure.
2.2. Experimental Procedure
2.2.1. CoTiO3 Processing
In the present study, cobalt titanate specimens were prepared from two
different powder sources: commercial powder (CoTiO3, 99.8%, Alfa Aesar) and a
mixed powder comprising CoO (99.998%, Alfa Aesar) and TiO2 (99.99%, Alfa Aesar)
powders in a 1:1 molar ratio. In both cases, the powders were jar-milled in 190 proof
ethanol with YSZ milling media in LDPE bottles. The dried powders were
subsequently uniaxially pressed into 13 mm diameter cylindrical pellets in a steel die
at 175 MPa for 30 minutes.  The pellets were then cold isostatically pressed at 275
MPa for 30 minutes and sintered in a capped high purity alumina crucible (99.8%,
CoorsTek) in an alumina tube (99.8%, CoorsTek) at 1440°C for 12 hours with O2
flowing through the tube. This process was guided by the procedure suggested by
Anjana and Sebastian 36. The sintered pellets were sectioned and polished through a
final step of 50 nm colloidal silica and characterized with SEM imaging (Hitachi S-
4300 FESEM). Phase identification was performed by X-ray energy dispersive
spectroscopy (XEDS) and XRD (Rigaku MiniFlex II and PANalytical Empyrean).
12
The degree of porosity was estimated using image analysis with ImageJ software
(NIH). Note that because the results of the reduction study were the same for both
source powders, these will not be differentiated in the following.
2.2.2. Reduction
CoTiO3 specimens measuring approximately 3 mm x 3 mm x 3 mm were
placed in capped, 99.8% pure alumina crucibles (CoorsTek) and subjected to
annealing treatments in a reducing atmosphere (95% N2 5% H2 forming gas, Airgas).
The pO2 was calculated based on compositional analysis of a representative gas and
the heat treatment temperature (see Figure 2-4). The heat-treatment temperature
ranged from 800°C to 1400°C, with annealing times varying from 1 to 8 hours.
Processing details about the composites investigated in this work are summarized in
Table 1. The reduced samples were polished through a final step of 50nm colloidal
silica and characterized with SEM, XRD, and TEM.  Cobalt particle sizes were
measured by determining individual particle areas in SEM micrographs using ImageJ
software and converting the cross-sectional areas to the equivalent diameters,
assuming the particles are approximately spherical. More than 1500 particles were
measured per composite. Cobalt “particles” are herein defined as discrete second
phase cobalt regions with a roughly globular shape within the titanium oxide matrix
that are composed of one or more differently oriented cobalt crystals, or “grains”.
EBSD (EDAX) was performed at 20 kV in the SEM (Hitachi S-4300 FESEM) and
utilized to determine the average cobalt grain size within the cobalt particles.  Due to
13
the resolution of the technique, this was restricted to composites with cobalt particles
> 500 nm. Between 250 and 1000 grains were analyzed per composite. Phase
analysis was carried out using XRD (Rigaku MiniFlex II and PANalytical Empyrean).
Focused ion beam milling (FEI Scios FIB) was used to create TEM cross-sections of
the reduced CoTiO3 samples, which were then examined in the TEM (JEOL 2000FX).
JEMS microscopy simulation software was used to simulate diffraction patterns.
2.2.3. Nanoindentation
Nanoindentation was performed in-situ in the SEM (Zeiss 1550) with a
Hysitron PI-85 Picoindenter fitted with a diamond cube corner indenter tip.  The cube
corner tip was used as its smaller included angle relative to a Berkovich-shaped tip
permits the indentation of smaller particles. Load-controlled indents at 1000µN were
made in approximately 25 cobalt particles per sample to evaluate microstructural
effects on hardness in the metal phase. Each nanoindent yields a load versus
displacement curve, from which the hardness can be calculated using the Oliver and
Pharr method 37. Note that due to the porosity in the composites resulting from the
inherent 18% volume change during reduction, it was not possible to achieve accurate
hardness data via microindentation.
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2.3. Results and Discussion
2.3.1. Microstructural Evolution of Composite
2.3.1.1. Cobalt Particle Morphology and Grain Structure
A cross-section of the sintered cobalt titanate produced from commercially
prepared CoTiO3 powder can be seen in the back-scattered electron (BSE) micrograph
in Figure 2-1.  Approximately 98% density was achieved (as determined by image
analysis) with coarse (~200 μm diameter) equiaxed grains.  Small amounts of the Co-
rich phase, Co2TiO4, are also visible (lighter color in micrograph), along with
cracking.  The cracking may be due to thermal expansion mismatch between the two
phases, though this is unconfirmed as thermal expansion data has not been reported for
these phases.
The novel Co-TixOy composite microstructures resulting from the partial
reduction heat treatment can be seen in the BSE micrographs in Figure 2-1. Partial
reduction was initiated at the specimen surface and proceeded inwards, initially along
grain boundaries, before advancing into the grain interiors. The composites produced
at 1000°C and above were completely reduced from CoTiO3 to cobalt and titanium
oxide and did not exhibit significant microstructural gradients, while the 800°C and
900°C composites consisted of an outer reduced layer with unreacted CoTiO3 cores.
After 1 hour at 800°C, the reduction front advanced 50 µm into the specimen, and 300
µm after 1 hour at 900°C (10% and 49% reduced by volume, respectively, given a
cubic 27mm3 starting specimen). All the composites exhibited a microstructure
composed of primarily equiaxed cobalt particles embedded in a titanium oxide matrix
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phase. As might be expected, the cobalt particle size increased with increasing
reduction temperature and time. As seen in Table 1, a broad range of cobalt particle
size was observed, ranging from < 100 nm (for the composite annealed for 1 hour at
800°C) to greater than 3 µm (in the composites produced at 1400°C). Thus, it was
confirmed that modification of the annealing conditions used in the partial reduction
heat treatment allows the scale of metal phase to be controlled. Coarsening appears to
approach a maximum in the 1400°C 2 hour composite as increasing the reduction time
further has little effect on particle size. Some cobalt particles exhibit an elongated
morphology as seen in the micrographs from the 900°C 1 hour and 1000°C 0.5 hour
composites, though these particles also coarsen into more equiaxed shapes at higher
reduction temperatures and longer times. Significant porosity can be seen in the
composites.  This can be attributed to the partial reduction process, as the average
density of the resulting composite (5.44 g/cm3) is denser than the precursor CoTiO3
(4.98 g/cm3) 38. It is recognized that for structural applications such porosity would
most likely be undesirable. It may be possible to overcome this issue through the
partial reduction of CoTiO3 particles and subsequent consolidation. XEDS did not
reveal any significant impurities in either the matrix phase or the cobalt particles.
Electron backscatter diffraction (EBSD) was used to characterize the grain
structure within the cobalt particles in the composites.  To maximize the backscatter
signal strength a relatively high accelerating voltage (20 kV) was used for EBSD,
however the resulting increase in the electron beam interaction volume limited the
spatial resolution of the technique.  Accordingly, the cobalt particles within the 800°C,
16
900°C, and 1000°C 0.5 hour composites were too small to analyze with EBSD, thus
only the 1000°C 3 hour and 1400°C composites were characterized using this
technique.  Representative inverse pole figure maps for the 1000°C 3 hour and 1400°C
2 hour composites can be seen in Figure 2-2.  The average grain sizes within the cobalt
particles for the different composites are reported in Table 1.  Similar to the particle
size trend, increasing the temperature and duration of the reduction heat treatment
results in Ostwald ripening and thus coarsening of the cobalt grains.  However, for
annealing at 1400oC, while the average cobalt particle size does not significantly
increase for annealing times beyond 2 hour, the grain size continues to increase (see
Figure 2-2).  Note that the grain structure of the ceramic matrix was not studied in
detail because the cobalt particle properties were deemed of greater interest for
correlation with nanoindentation.  Further, the indexing quality in some composites
(namely those reduced at 1400°C) was poor, which can be attributed to the presence of
several TixOy phases.
Table 2-1: Partial reduction heat treatment and its effect on the particle size and grain
size of the cobalt phase
Reduction Heat
Treatment
Cobalt Particle Diameter
(µm)
Cobalt Grain Diameter
(µm)800°C 1 hr 0.06 ± 0.05900°C 1 hr 0.34 ± 0.24
1000°C 0.5 hr 0.45 ± 0.45
1000°C 3 hr 0.75 ± 0.57 1.0 ± 0.5
1400°C 2 hr 3.35 ± 2.47 1.8 ± 1.0
1400°C 4.5 hr 4.08 ± 2.70 2.6 ± 1.1
1400°C 8 hr 3.29 ± 2.78 3.3 ± 1.7
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2.3.1.2. Phase Evolution
X-ray diffraction patterns from composites produced at 1000°C 3 hour, 1400°C
2 hour, and 1400°C 8 hour can be seen in Figure 2-3.  The 1000°C 3 hour composite
contains Co with both face-centered cubic (fcc) and hexagonal close packed (hcp)
crystal structures in addition to rutile TiO2. As rutile is the stable TiO2 phase above
600°C at atmospheric pressure 39, the formation of rutile from CoTiO3 reduction is
expected. Reduction at 1400°C for 2 hour results in the complete reduction of TiO2 to
a mixture of the Ti8O15, Ti7O13, and Ti6O11 phases, with Ti7O13 being the primary
constituent. These compounds belong to the family of so-called Magneli phases 40,41,
which are a series of non-stoichiometric compounds of titanium and oxygen with the
generic formula TinO2n-1,where n has integral values ranging from 4 - 10; their crystal
structures are shear derivatives of the rutile structure. Magneli phases are of interest
as potentially high performance thermoelectric materials due to their relatively high
electrical conductivity and limited thermal conductivity 42,43. Increasing the reduction
time at 1400°C to 8 hour leads to the reduction of the Magneli phases to β-Ti3O5
which has potential for use as an oxygen sensor 44,45 and as digital storage media due
to light-induced reversible phase changes 46,47. The phases observed under the applied
experimental conditions are generally consistent with thermodynamic data from
literature 48,49 regarding the partial reduction of CoTiO3 and titanium oxide as seen in
Figure 2-4. While the complete conversion to Ti3O5 observed at 1400°C is predicted
by Figure 2-4, some reduction of TiO2 may also be expected at lower temperatures.
The absence of Magneli phases at 1000°C and below may be due to their existence in
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quantities below the detectability limit, or the local pO2 may be slightly higher than
calculated due to oxygen given off by the sample.
With regard to the cobalt phases, it was also observed that with higher
annealing temperatures, and increasing time at 1400oC, on cooling to room
temperature, the proportion of hcp phase (versus fcc) increased from 14% hcp at
1000°C 3 hour, to 28% hcp at 1400°C 2 hour, and 38% hcp at 1400°C 8 hour. There
are two possible reasons for this, both of which are related to the grain size and its
influence on phase transformations. Cobalt exists as two allotropes, hcp at low
temperatures (< 417°C) and fcc at high temperatures (> 417°C) 50. On cooling from
high temperature, transformation from the fcc to the hcp phase occurs, with typically
some quantity of fcc phase retained at room temperature.  For elemental cobalt, the
transformation is generally described as martensitic 51–53, and it is known that
parameters such as the cooling rate 54,55, grain size 56 and alloying elements 57 affect
the temperature at which the transformation initiates.  Because in the present study the
cobalt particles were formed by reduction of high purity CoTiO3, and the cooling rates
were the same for all the composites, this leaves grain size as the most likely variable.
The cobalt grain size can influence the transformation between the two phases in two
different ways.  Firstly, as reported by Owen and Madoc Jones 58, for fine grain sizes
the fcc phase is stable, even at room temperature.  Secondly, the grain size can
influence the efficacy of the transformation from fcc during cooling, with larger grains
containing more hcp, indicating that they have undergone a greater degree of the
martensitic transformation 56,58,59.  This grain size dependence is the result of an
21
increase in grain boundary area per unit volume as grain size decreases.  The
martensitic transformation takes place through the glide of Shockley partial
dislocations 60, hence an increase in slip barriers inhibits the shear motion that
mediates the transformation 61. Thus, composites reduced at lower temperatures and
shorter times (e.g. 1000°C 3 hour) contain cobalt that is fully fcc at the reduction
temperature, but only minimally transforms to hcp upon cooling.  This issue of the
observed dependence of the cobalt crystal structure on grain size will be revisited in
the next section.  As will be seen, for the Co-TixOy composites, interfacial effects also
play a role.  As will be discussed regarding the nanoindentation results, the change in
grain size also influences the cobalt particle mechanical properties.
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Figure 2-4: Equilibria for partial reduction of CoTiO3 and Ti4O7
Equilibria for partial reduction of CoTiO348 and Ti4O749 as a function of pO2 and T.
Black circles represent experimental conditions of heat treatment at 800°C, 900°C,
1000°C, and 1400°C under 5% H2 gas flow, where calculated pO2 represents a lower
limit.  Note that CoTiO3 reduction is expected at all conditions, and that Ti3O5
formation is expected at 1400°C (1673K).
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2.3.1.3. Orientation Relationships
Given the nm scale of the cobalt phase, TEM was utilized to investigate the
microstructure of the composites generated by reduction below 1000°C. Thin foil
samples were prepared by using FIB milling to extract sections from partially reduced
CoTiO3 grains across the reduction front. Selected area diffraction was then used to
elucidate the orientation relationships between the constituent phases at varying
distances from the reaction front. A cross-section of a reduction front from the 800°C
1 hour composite can be seen in the TEM bright field (BF) image in Figure 2-5A.
The lower region is single-phase unreduced CoTiO3 which transitions across
the reduction front, indicated with a dotted line, into a Co-TiO2 composite towards the
top of the image. The SADP demonstrates that the region is single-phase unreduced
CoTiO3 with the orientation B = [0-111]. CoTiO3 has the ilmenite crystal structure
which is a derivative of the corundum structure with alternating layers of Co2+ and
Ti4+ ions perpendicular to the c-axis 62.
Based on the diffraction pattern obtained from the transformed region (Figure
2-5C), the phases present are cobalt (hcp) and twin variants of TiO2 (rutile).  The
indexed beam directions of these phases are: hcp Co (B = [-2113]), rutile TiO2 (B = [-
101] and B = [211]). Figure 2-6 shows the simulated SADP corresponding to 4C; due
to its complexity, the individual reflections are not indexed, but indexed simulated
patterns of the corresponding TiO2 and Co phases are included in Figure 2-6. Note
that for simplicity, an indexed simulated pattern of the second TiO2 twin is not shown,
but this would simply correspond to a mirror image of the TiO2 B = [211] pattern in
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Figure 2-6 reflected across a plane perpendicular to g0-11. The TiO2 B = [211] twins
share the same set of (0-11) planes.  This result is consistent with literature reports that
rutile TiO2 commonly twins along the {101} planes 62,63. The B = [-101] TiO2 is
likely also twinned across the (101) plane, but this is not apparent in the SADP
because this produces an identical diffraction pattern.  In fact, the B = [211] and B = [-
101] TiO2 orientations also have a twin relationship as they share the (011) planes.
Our diffraction study revealed that an orientation relationship exists between
CoTiO3 and the TiO2 twins such that the CoTiO3 c-axis is parallel to the TiO2 a-axis,
and the CoTiO3 a-axis is parallel to the TiO2 b-axis ([0001]CoTiO3 // [100]TiO2, {2-1-
10}CoTiO3 // (010)TiO2).  This relationship is largely preserved despite twinning of TiO2
as both B = [-101] twins, and one of the B = [211] twins (yellow pattern in Figure 2-6)
exhibit this relationship, while the other (green pattern in Figure 2-6) did not have an
apparent relationship with the CoTiO3.  This relationship can be seen in Figure 2-7 and
is significant because the close-packed oxygen ion planes are perpendicular to these
parallel axes.  The spacing of these close-packed planes differ by less than 1% (0.232
nm for CoTiO3, 0.230 nm for TiO2).  Thus, reduction of CoTiO3 results in the
nucleation and growth of multiply-twinned TiO2 grains sharing an orientation
relationship with the parent CoTiO3 grain such that the close-packed CoTiO3 (0001)
basal planes are parallel with the close-packed (100) TiO2 planes.  The nearly identical
d-spacings suggest an epitaxial relationship which is supported by observations of
epitaxial growth of rutile on FeTiO3 ilmenite (isostructural with CoTiO3) with the
same orientation relationship by Daneu et al. 64.
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Cobalt also nucleates during this early stage reduction and appears to have a
single orientation with a pattern well-aligned with the other phases suggesting
additional orientation relationships. It was determined that the c-axis [0001] of the
hcp cobalt is also parallel with the c-axis [0001] of the CoTiO3 ([0001]CoTiO3 //
[0001]Co, (2-1-10)CoTiO3 // (01-10)Co), and the a-axis [100] of TiO2 as seen in Figure 2-
7 ([0001]Co // [100]TiO2, {01-10}Co // (010)TiO2).
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Figure 2-8 shows the final stage of reduction in the 800°C 1 hour composite.
The SADP and matching simulated pattern clearly show the crystallographic
relationship between the two different product phases: rutile TiO2 and hcp cobalt. The
CoTiO3 has been fully reduced and its pattern is no longer present. Additionally, the
TiO2 region corresponding to the B = [-101] orientation has disappeared, leaving only
the TiO2 B = [211] twins and the Co (B = [-2113]).  The cobalt nuclei have coalesced
and coarsened and despite the clear presence of multiple cobalt particles, they share
the same crystal orientation. To validate this observation other diffraction
experiments were conducted, wherein multiple cobalt particles were interrogated
through convergent beam electron diffraction (CBED). (CBED was utilized because
the diameters of the particles were less than the smallest available selected area
aperture.) An example of the results of this experiment can be seen in Figure 2-9.  The
TEM BF image on the left shows the three cobalt particles that were examined
indicated with red dots.  The CBED patterns from each particle were identical to the
pattern in Figure 2-9 with the orientation B = [-2113], and show the same orientation
as the cobalt particles in the SAD experiment (Figure 2-5 and 8).  This confirms that
the cobalt particles maintain the same orientation as they coalesce and coarsen, at least
in the region investigated. This underlines the significance of the orientation
relationship with regards to the composite microstructure, at least in the early stages of
reduction before large scale coarsening has taken place. The very similar and well
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aligned diffraction patterns and elongated morphology of the cobalt particles suggests
a possibly semi-coherent interface and epitaxial growth of the Co on TiO2.
The likely semi-coherent interface and Co/TiO2 orientation relationship do not
remain indefinitely with coarsening as evidenced by the polycrystalline cobalt
particles observed through EBSD. However, fine Co-TiO2 composites created at low
temperatures and short annealing times may demonstrate useful properties such as
high hardness due to the semi-coherent interfaces.
With knowledge of the reduction process and crystal orientations involved,
TEM images from the very early stage of reduction can be interpreted (see Figure 2-10
and 11).  A fine dispersion of the cobalt particles is visible, with particle sizes ranging
from 50 – 200 nm.  In Figure 2-10B, twin boundaries can be seen in the TiO2 matrix,
and this is further evidenced by the mirrored orientation of the cobalt particles within
them.  This mirroring of the cobalt particles within the twinned TiO2 grains, as well as
the elongated shape of the Co particles, further suggests an epitaxial relationship.  This
is confirmed by the moiré fringes seen in Figure 2-11B, which result from interference
due to slight differences in rotation or spacing of overlapping lattices 65.  Orientation
relationships between metal and ceramic phases have been observed in the past, e.g.
Ustundag et al.’s observations in the Ni-Al-O system 18.
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Also of note is the Co crystal structure.  Despite being formed at 800°C, well
above the hcp to fcc transition temperature (417°C 50), only hcp cobalt is observed.  It
is unlikely that the hcp cobalt was formed through a martensitic transformation during
cooling given the previous finding that some residual fcc phase is always observed.
Additionally, it was found that grain size was negatively correlated with the amount of
residual fcc, so if the cobalt near the reduction front had transformed to fcc at high
temperature, a large amount of residual fcc would be expected. This suggests that the
cobalt near the reduction front was formed and interfacially stabilized with the hcp
crystal structure.  While nanocrystalline cobalt formed through electrodeposition is
commonly found to exhibit the hcp crystal structure 66–70, and a surface energy
argument has also been made for the thermodynamic stability of hcp Co nanoparticles
71, in all these cases, nucleation and growth occurs at room temperature, while in the
present case the formation of the hcp Co nanoparticles  occurs at 800°C.  Stable high
temperature (up to 700°C) hcp cobalt nanoparticles have been reported through
encapsulation with carbon nanofibers 72, thus minimizing surface energy, the same
mechanism suggested for the stabilization of embedded hcp Co nanoparticles in this
work. The cobalt particle morphology, orientation relationship with the TiO2 matrix,
and metastable hcp crystal structure all suggest a special interfacial relationship
between the Co particles and TiO2 matrix near the reduction front ([0001]Co //
[100]TiO2, {01-10}Co // (010)TiO2). Due to the nanoscale size and likely semi-coherent
interface of the Co particles, this interfacial relationship could be exploited to produce
composites with potentially excellent hardness and wear properties. Embedded hcp
35
Co nanoparticles are also promising for applications in magnetic recording 72, and
Fischer-Tropsch catalysts 73.
To summarize this part of the work, partial reduction of CoTiO3 leads to
nucleation and epitaxial growth of rutile TiO2 and hcp Co.  The two product phases
exhibit an orientation relationship both with the parent CoTiO3 phase, and with each
other.  During epitaxial growth of twinned rutile TiO2 the continuity of the close-
packed oxygen planes with the parent CoTiO3 phase is maintained; this is perhaps not
surprising, given that the lattice mismatch is < 1%.  In the case of the metallic cobalt
particles, these nucleate at the reaction front and grow with an epitaxial relationship
with the rutile TiO2.  The orientation relationships between the three phases are as
follows: [0001]CoTiO3 // [100]TiO2 // [0001]Co, {2-1-10}CoTiO3 // (010)TiO2 // {01-10}Co.
As previously mentioned, the Co/TiO2 interfacial relationship is lost during
cobalt coarsening and TiO2 reduction at higher temperatures and longer holding times.
However, the coarsened cobalt particles exhibit interesting microstructures resulting
from the martensitic fcc to hcp transformation during cooling. Reducing CoTiO3 at
1400°C for 8 hour yields a coarse composite composed of large cobalt particles (> 3
µm diameter) embedded in a Ti3O5 matrix as seen in Figure 2-1.  Significant results
from TEM analysis of these particles can be seen in Figure 2-12 and 13.
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Figure 2-12: TEM of large cobalt particles with Co-TiO2 composite
TEM DF images (A, B) from 1400°C 8 hr composite showing mixed hcp-fcc nature of
coarse cobalt particle, (C, D) SADPs corresponding to hcp and fcc cobalt respectively,
circled reflections correspond to planes utilized for DF imaging.
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Figure 2-12 shows dark field (DF) TEM images of a cobalt particle containing
alternating platelets of fcc and hcp cobalt.  SADPs from each phase (hcp B = [2-1-10])
and fcc B = [101]) can also be seen in Figure 2-12, with the reflections, hcp g0001 beam
and fcc g-202 beam, used to create the DF images circled. The forbidden {0001}
reflections are present in Figure 2-12B due to dynamical diffraction resulting from
multiple diffraction events due to the thickness of the specimen. The orientation
relationship [2-1-10]hcp // [101]fcc (0001)hcp // (-1-11)fcc exists between the two phases,
showing that the close-packed planes of the fcc and hcp phases are parallel. The
microstructure observed is characteristic of the martensitic fcc to hcp transformation
upon cooling which is mediated by glide of partial dislocations on every other close
packed plane 74.  A large degree of transformation can be observed in the particle, in
line with the XRD results in Figure 2-3.
Higher magnification imaging of the hcp regions reveals the presence of
fringes parallel to the basal plane as seen in Figure 2-13.  These fringes result from
nano-stacking faults within the hcp platelets. This is supported by the SADP from the
hcp region (Figure 2-12C) which shows significant streaking parallel to g0001. These
stacking faults bear the appearance of extrinsic stacking faults based on comparison to
TEM analysis of different types of stacking faults observed in cobalt 75. These
extrinsic stacking faults result from the martensitic fcc to hcp transformation 74, further
demonstrating that the cobalt particle microstructure is the result of this
transformation.
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2.3.2. Hardness of Cobalt Particles
The hardness of the cobalt particles in the following composites (1000°C 3
hour, 1400°C 2 hour, 4.5 hour, 8 hour) was determined by nanoindentation. The
results are plotted in Figure 2-14, where it can be seen that cobalt particle hardness is
inversely correlated with cobalt grain size.  The observed hardness values between 3.4
and 7.5 GPa are in line with hardness values reported by other researchers resulting
from the nanoindentation of cobalt, e.g. nanocrystalline electrodeposited Co (4.9 GPa)
76, 4.8 GPa in a dilute Co-W-C alloy binder phase 77, and 3.9 GPa in the cobalt phase
of a Co-YSZ cermet 78. Plotting the average cobalt particle hardness against d-1/2,
where d is grain diameter, shows a linear relationship suggesting (at first sight) a Hall-
Petch effect type mechanism, see equation (2): where σy is yield strength, σ0 is a
materials constant reflecting the overall lattice resistance to dislocation movement, and
ky is also a materials constant known as the “locking parameter” which is the relative
hardening contribution of the grain boundaries 79.
(2) = + √
Hardness has been demonstrated to be proportional to yield strength in metals
80. Conventionally, the increase in yield strength at lower grain sizes is understood to
be the result of a spatial limitation in the extent of dislocation pile-up or the activation
of dislocation sources within the grain boundaries. The agreement with the functional
dependence between hardness and d-1/2 notwithstanding, comparison between the
approximate indentation depth (< 300 nm) and the average grain size of 1 µm in the
1000°C 3 hour sample suggests that grain boundary strengthening is unlikely. Instead
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it is postulated that the observed grain size effect results from work hardening of the
cobalt particles by thermal stresses induced during cooling of the composites.  The
magnitude of these stresses can be estimated using the Selsing relationship (see
equation 3) 81, where P represents the hydrostatic pressure resulting from coefficient
of thermal expansion mismatch stress for a spherical particle embedded in an elastic
matrix, E is the Young’s modulus, ν is Poisson’s ratio, Δα is the difference in linear
coefficient of thermal expansion between the phases, and ΔT is the cooling range.
(3) = ∙
The relevant properties are as follows: Co (E2 = 207 GPa 82, ν2 = 0.32 83, α2 =
13.80 µm∙m-1∙K-1 82) and rutile TiO2 (E1 = 255 GPa, ν1 = 0.30 84, α11 = 7.83 µm∙m-1∙K-1
85).  It can be seen that the linear CTE of cobalt is almost double that of rutile, hence
significant tensile stresses during cooling would be expected.  Note that although the
titanium oxide phase is not rutile TiO2 in all composites, the linear coefficient of
thermal expansion does not vary significantly.  The linear coefficient of thermal
expansion derived from the volumetric term at 25°C for β-Ti3O5was 7.17 µm∙m-1∙K-1
86. Inputting the values into equation (3) yields a tensile stress of 1.91 GPa when
cooling from 1400°C to 25°C, and 1.11 GPa when cooling from 1000°C to 25°C.  It is
recognized that this analysis neglects any stress relaxation and hence represents an
upper limit.  Nonetheless, by way of comparison the yield strength for polycrystalline
1 Thermal expansion in rutile is anisotropic.  This value has been derived from the volumetric
coefficient of thermal expansion at 25°C to approximate the average linear coefficient of thermal
expansion in a randomly oriented polycrystalline rutile matrix.
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cobalt with a grain size of 4.8 µm has been measured to be around 400 MPa 87, so it
can be assumed that the cobalt particles undergo significant plastic deformation during
cooling.  This deformation leads to dislocation pileup at the grain boundaries. As the
grain size decreases, the volume fraction of cobalt containing grain boundaries and
dislocation pileups increases, thus the likelihood of an indent probing a region of high
dislocation density increases with decreasing grain size. Alternatively, dislocation
emission increases because the total grain boundary area increases with decreasing
grain size, resulting in increased work-hardening with decreasing grain size. It is
believed that it is this combination of work hardening and grain size effects that results
in the grain size-hardness relationship seen in Figure 2-14.
Finally, given the complexity of the cobalt phase transformation, it is worth
considering whether there are other factors that could contribute towards the observed
hardening. A particle size effect is unlikely as the cobalt particle size does not
significantly increase at 1400°C beyond annealing for 2 hours, whereas the cobalt
particles were observed to significantly soften with longer reduction time.  Hcp cobalt
might be expected to have higher hardness due to insufficient slip systems thus
requiring significant deformation twinning 74,88, however as can be seen by comparing
Figure 2-3 and 14, the increase in volume fraction of hcp phase is correlated with
decreasing, not increasing hardness.  Lastly, although the titanium oxide phase is
reduced from TiO2 to Ti3O5with increasing time and temperature, the matrix phase is
not expected to affect the Co particle hardness as there is little change in coefficient of
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thermal expansion and the particle-matrix interface is not expected to have
significance at later stages of coarsening.
Figure 2-14: Cobalt particle hardness versus grain size
Graph of hardness (H) vs. the inverse root of the grain size (d-1/2). Cobalt particle
hardness increases with decreasing cobalt grain size in Co-TixOy composites
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2.4. Conclusions
Novel Co-TixOy composites consisting of Co particles of varying scale
embedded in a titanium oxide matrix were produced through the in-situ partial
reduction of CoTiO3 at several times and temperatures ranging from 800°C 1 hour to
1400°C 8 hr.  Composite microstructures were analyzed through SEM (including
EBSD), XRD, and TEM.  Increasing the time and temperature of reduction resulted in:
i) coarsening of the cobalt particles and grains, ii) an increase in the fraction of hcp
phase Co, and iii) reduction of the titanium oxide phase from rutile TiO2 through the
Magneli phases to Ti3O5. For the composite generated at the lowest temperature and
time (1 hour at 800oC), TEM analysis revealed metastable hcp Co nanoparticles near
the reduction front that exhibited the orientation relationship (010)TiO2 // {01-10}Co
[100]TiO2 // [0001]Co. Though the orientation relationship is apparently lost with
coarsening, it may yield beneficial properties in fine composites.  TEM analysis of
coarse cobalt particles revealed a heavily faulted microstructure characterized by fcc
and hcp subgrains resulting from the martensitic transformation from the high
temperature fcc crystal structure to the low temperature hcp crystal structure.
Nanoindentation of cobalt particles in coarse composites revealed an inverse
correlation between hardness and grain size, which is believed to result from plastic
deformation of the cobalt particles due to thermal stresses during cooling. The study
demonstrates that partial reduction of CoTiO3 can be used to fabricate Co-TixOy
metal-ceramic composites with tailorable microstructures and properties.  Both the
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scale and nature of the phases can be controlled to achieve composite structures that,
in the majority of cases, could not be synthesized by conventional methods.
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Chapter 3
Co-TiO2 nanocomposite produced through partial reduction of CoTiO3-TiO2 eutectoid
composite
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3. Co-TiO2 nanocomposite produced through partial reduction of CoTiO3-TiO2
eutectoid composite
3.1. Introduction
Metal-ceramic composites are utilized in a variety of applications that make
use of their combination of dissimilar properties.  The properties of metal-ceramic
composites can be further enhanced through microstructural control, for example by
generating lamellar89 or nanoscale composites90.  However, common approaches for
metal-ceramic composite processing such as hot-pressing7–9 and melt-infiltration1–3
provide limited microstructural control.  An alternative approach, in-situ partial
reduction, generates metal-ceramic composites with tailorable scale and unique
microstructures when applied to mixed oxide compounds.  In-situ partial reduction has
been demonstrated in many materials systems including: Ni-Mg-O13–15, Cr-Al-O16, Ni-
Al-O17–19, Fe-Mn-O20, Mg-Cu-O21, Cu-Al-O22,23,91,92 and others. In-situ partial
reduction of mixed oxides generally yields metallic particles in an oxide matrix, but
greater microstructure control and complexity can be achieved through modification
of the precursor microstructure.  Given the advantageous properties of composites
with lamellar microstructure, the purpose of this work is to explore application of in-
situ partial reduction to a lamellar precursor in the Co-Ti-O system to generate metal-
ceramic composites with novel, tailorable microstructures.
The Co-Ti-O system was chosen based on prior significant investigation of Co-
TiO2 composites generated through in-situ partial reduction of CoTiO393, and the
opportunity to produce lamellar CoTiO3-TiO2 composites through eutectoid
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decomposition of the CoTi2O5 phase as seen in the partial phase diagram in Figure 3-
1.  In addition, Co-TiO2 composites have been explored as Fischer-Tropsch
catalysts33,34 and wear resistant biocompatible coatings35, while CoTiO3-TiO2
composites have been investigated as electrochemical sensors94.
CoTiO3-TiO2 composites with controllable interlamellar spacings were
produced by annealing CoTi2O5 at temperatures between 800 and 1000 °C for 12 to 48
hours.  An orientation relationship between CoTiO3 and TiO2 was also identified.
This work represents the first comprehensive characterization of CoTiO3-TiO2
composites produced through eutectoid decomposition of CoTi2O5.  These composites
were then annealed under reducing conditions to form Co-TiO2 composites through
the partial reduction of CoTiO3.  Reduction of the CoTiO3-TiO2 composites resulted in
the formation of nanoscale Co particles at the original CoTiO3/TiO2 interfaces,
producing a Co-TiO2 composite with a novel pseudo-layered microstructure.
While lamellar eutectic ceramic composites produced through directional
solidification have been widely explored95–97, and in some instances have been
reduced to produce layered metal-ceramic composites98–100, eutectoid ceramic
composites produced through solid state reaction and subsequent partial reduction are
very uncommon.  This work represents the first study of the microstructural evolution
of a metal-ceramic composite produced through partial reduction of a eutectoid
composite.  Solid-state reaction has a distinct advantage in its simplicity and
versatility, which is additionally aided through processing of powder compositions.
Producing composites in powder form provides versatility for further processing.
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Composite powders can serve as a feedstock for rapid prototyping techniques such as
aerosol spray deposition101, or they can be combined with powders of different
compositions to produce new composites before consolidation.  Similar results were
achieved in bulk specimens, but powders have the additional benefit of shorter
necessary annealing time due to their high surface area, which makes powders
furthermore industrially relevant.
The microstructures of the CoTiO3-TiO2 and Co-TiO2 composites were
characterized through scanning electron microscopy (SEM) including backscattered
electron imaging (BSE) and electron backscatter diffraction (EBSD) to analyze
crystallographic orientations.  Phase identification was determined through X-ray
diffraction (XRD).  Transmission electron microscopy (TEM) was utilized to
determine orientation relationships between phases.
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Figure 3-1: Partial phase diagram of CoO-TiO2 system
Partial phase diagram of CoO-TiO2 system, adapted from Jacob and Rajitha102 and
Brežný103
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3.2. Experimental Procedure
3.2.1. Powder Processing
All samples were produced from a cryomilled powder mixture of CoO and
TiO2 fabricated at the United States Army Research Laboratory (Aberdeen Proving
Ground, MD). The CoO (99% purity) and TiO2 powders (99% purity) were obtained
from American Elements (Los Angeles, CA, USA).  The powders were combined in a
1:2 CoO:TiO2 molar ratio and milled for 6 hours in liquid argon using 0.25 inch 440C
stainless steel balls with a milling media:powder mass ratio of 32:1. The composition
of the cryomilled powder was confirmed with XRD. The cryomilled powder was then
reacted in capped high purity alumina crucibles (99.8%, CoorsTek) in air in a box
furnace, 5 grams of powder per sample (CM Furnaces, Bloomfield, NJ, USA). The
CoO + 2TiO2 mixture was converted to CoTi2O5 at 1200 °C for 6 hours, which was
then annealed below the decomposition temperature (800 °C or 1000 °C) for 12 to 48
hours to initiate the eutectoid reaction. Heating and cooling rates of 5 °C/min were
used for eutectoid decomposition anneals.
Partial reduction of CoTiO3-TiO2 to Co-TiO2 composite powders was
performed in capped, 99.8% pure alumina crucibles (CoorsTek) subjected to annealing
treatments in a reducing atmosphere (95% N2 5% H2 forming gas, 90 cc/min, Airgas)
in a tube furnace (99.8% pure alumina tube, CoorsTek, GSL-1500X tube furnace, MTI
Corporation). Reduction was performed at low temperature (700 °C and 800 °C) to
minimize the effect of coarsening, with annealing times varying from 30 min to 3
hours.
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3.2.2. Characterization
The reacted powders were crushed with an agate mortar and pestle to break up
agglomerates and were characterized with XRD (Malvern Panalytical Empyrean,
Bragg-Brentano geometry, Cu Kα source, 1.54Å). XRD results were analyzed using
the HighScore Plus software and mass fractions of phases were approximated through
a semi-quantitative analysis based on reference intensity ratios and scale factors.
Reference patterns for the CoTi2O5, CoTiO3, TiO2, and Co phases were obtained from
the ICDD database (PDF 01-076-1600, 01-007-1373, 00-021-1276, and 01-089-7093
respectively). Powders were also embedded in epoxy and polished through a final
step of 50 nm colloidal silica to analyze powder particle cross-sections.  The
embedded and polished powders were imaged with SEM (Hitachi S-4300 FESEM)
and analyzed with EBSD. Interlamellar spacings in CoTiO3-TiO2 eutectoid
composites were measured through the method described by Vander Voort and
Roósz104 which involves counting the intersections of lamellae with a circular test grid
and converting to a true interlamellar spacing through an empirically verified factor.
At least 50 spacings were measured per composite.  Cobalt particle sizes were
measured by determining individual particle areas in SEM micrographs using ImageJ
software and converting the cross-sectional areas to the equivalent diameters,
assuming the particles are approximately spherical.  More than 1000 particles were
measured per composite.  Cobalt “particles” are herein defined as discrete second
phase cobalt regions with a roughly globular shape within the titanium oxide matrix
that are composed of one or more differently oriented cobalt crystals, or “grains”.
54
EBSD was performed at 20 kV with 0.1 to 0.2 μm step size (Hitachi S-4300 FESEM,
EDAX) and used to generate inverse pole figure (IPF) maps and phase maps.  In
inverse pole figure maps (IPF maps), the color of each pixel in the map corresponds to
a color in an inverse pole figure that defines the crystallographic orientation of the
direction normal to the crystal plane parallel with the specimen surface.  The color of
each pixel in a phase map corresponds to a particular phase. EBSD maps were
overlaid with either image quality or fit maps to provide additional detail to the maps.
Image quality is a measure of the quality of the EBSD patterns and fit pertains to the
similarity between the acquired EBSD pattern and the matched calculated pattern.
The mottled contrast in some maps is the result of noise in the image quality or fit
overlays. X-ray energy dispersive spectroscopy (XEDS) was also used to confirm
phase identification.  Focused ion beam milling (FEI Scios FIB) was used to create
TEM cross-sections from powder particles, which were then examined in the TEM
(JEOL JEM-2000FX), operated at 200 kV. Crystal models were drawn using the
VESTA software (JP-Minerals).
3.3. Results and Discussion
3.3.1. CoTiO3-TiO2 composites through CoTi2O5 eutectoid
decomposition
CoTiO3-TiO2 composite powders were produced from nearly single phase
CoTi2O5 powders with small, isolated grains of residual CoTiO3 and TiO2 (see Figure
3-2C and Figure 3-3).  The CoTi2O5 consisted of large single crystal regions
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subdivided into subgrains.  The microstructures of CoTiO3-TiO2 composites produced
through the eutectoid decomposition of CoTi2O5 can be seen in Figure 3-2. CoTiO3-
TiO2 composites resulting from annealing at 1000 °C for 48 hours (Figure 3-2A), 1000
°C for 12 hours (Figure 3-2B), and 800 °C for 16 hours (Figure 3-2C) are depicted.
As seen in the Figure, eutectoid decomposition of CoTi2O5 yields a largely lamellar
composite of CoTiO3 and TiO2, with some larger, more equiaxed CoTiO3 and TiO2
grains.  Also present is porosity resulting from the volume change associated with the
eutectoid reaction. The densities of CoTi2O5, CoTiO3, and TiO2 are 4.27 g/cm3, 4.98
g/cm3, and 4.23 g/cm3, respectively.  Thus, the transformation from CoTi2O5 to
CoTiO3 + TiO2 is accompanied by a 10% molar volume decrease.  This fact could be
utilized to create self-healing CoTiO3-TiO2 composites, as cracks could be eliminated
through annealing and conversion to CoTi2O5.  The volume expansion would close
cracks, and a subsequent low temperature anneal could transform the CoTi2O5 back to
the CoTiO3-TiO2 eutectoid composite.  As seen in Figure 3-2C, some porosity is
present in the CoTi2O5 prior to eutectoid decomposition, and thus it is challenging to
differentiate preexisting pores from pores generated during the reaction.  However, the
pores resulting from transformation are generally smaller than the preexisting pores,
many < 200 nm in diameter.  These small pores are primarily observed at the
CoTiO3/TiO2 interfaces, further evidencing their origin in the eutectoid
transformation.  After 48 hours at 1000 °C, XRD revealed full transformation to
CoTiO3 and TiO2, and 91% conversion by volume after 12 hours (9 vol % residual
CoTi2O5).  No CoTiO3 or TiO2 could be detected through XRD in the sample annealed
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at 800 °C for 16 hours, and very few regions of eutectoid transformation were
discovered through SEM such as the region in Figure 3-2C.
By comparing CoTiO3-TiO2 composites produced at 1000 °C for 48 and 12
hours, the effect of annealing time on composite microstructure can be ascertained.
The primary microstructural effect appears to an increase in lamellar thickness with
increasing annealing time, resulting from coarsening.  After 12 hours of annealing at
1000 °C, the average interlamellar spacing was determined to be 470 ± 99 nm, while
after 48 hours the spacing was measured as 801 ± 192 nm, a 70% increase.
Interestingly, at 800 °C for 16 hours, where eutectoid decomposition was sparsely
observed, the interlamellar spacing was determined to be 505 ± 116 nm, essentially
equal to the spacing after 12 hours at 1000 °C, implying little coarsening has occurred
after 12 hours at 1000 °C.  Thus, through control of annealing time, lamellar CoTiO3-
TiO2 composites with tailored thickness can be generated.  Annealing at 1000 °C for
12 hours yields near full eutectoid transformation with minimal coarsening.
The early stage of eutectoid decomposition observed after 16 hours at 800 °C
was also characterized with EBSD.  A representative microstructure can be seen in
Figure 3-3.  The IPF map in Figure 3-3A shows two single crystal regions of the
CoTi2O5 matrix subdivided into subgrains.  A large region of lamellar CoTiO3 and
TiO2 resulting from eutectoid decomposition appears in the bottom left, and isolated
grains of CoTiO3 can be observed within the CoTi2O5 matrix and the lamellar
eutectoid region.  Within the lamellar region, CoTiO3 appears to have a single
orientation (yellow hue), while TiO2 has two orientations (blue and tan).  This
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suggests an orientation relationship, which is common in eutectoid
decomposition105,106.  The final CoTiO3-TiO2 composite microstructure forms after the
nucleation, growth, and finally impingement of many of these eutectoid growths.  It
was observed that phases in different eutectoid growths had different orientations.
This is likely due to nucleation primarily on the randomly oriented residual CoTiO3
and TiO2 particles, as appears to be the case in Figure 3-3.  Nucleation at the CoTi2O5
subgrain boundaries is less favorable due to their low energy and does not appear to
frequently occur as an orientation relationship between CoTi2O5 and the eutectoid
decomposition products would result in texturing that was not observed.  Nucleation
also occurs at powder particle surfaces.
Eutectoid decomposition of CoTi2O5 progresses cooperatively and
noncooperatively.  In a cooperative eutectoid reaction, the product phases grow
together resulting in a lamellar microstructure.  In a noncooperative eutectoid reaction,
also known as a divorced eutectoid reaction, the product phases nucleate and grow
separately107,108.  These two processes can be observed in Figure 3-2C and Figure 3-3.
Cooperative eutectoid decomposition, with its lamellar microstructure, can be seen in
both Figures.  Evidence of divorced eutectoid decomposition is also present in the
form of irregularly shaped larger grains of CoTiO3 and TiO2.  In contrast to the
equiaxed residual unreacted grains of CoTiO3 and TiO2 present in the CoTi2O5 matrix,
some of the CoTiO3 and TiO2 grains in the transformed lamellar regions have irregular
shapes suggesting growth on these grains resulting from eutectoid decomposition.  In
pearlitic steels, divorced eutectoid decomposition occurs at low undercooling due to
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low driving force for nucleation, resulting in growth on the existing phases.  At greater
undercooling, the lamellar eutectoid transformation takes place107–109. A significant
difference in cooperative versus noncooperative growth was not observed between
1000 °C and 800 °C, but perhaps with less undercooling closer to the 1140 °C
transformation temperature, primarily divorced eutectoid decomposition would be
observed.
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Figure 3-2: CoTiO3-TiO2 composite microstructures
SEM BSE micrographs of CoTiO3-TiO2 composite microstructures resulting from the
eutectoid decomposition of CoTi2O5 at 1000 °C for 48 hr (A) and 12 hr (B), or 800 °C
for 16 hr (C).  Note the decrease in interlamellar spacing with decreasing annealing
time, and the partial transformation along with divorced eutectoid decomposition in C.
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In order to confirm the orientation relationship between CoTiO3 and TiO2 in
the lamellar eutectoid regions, TEM cross-sections were produced through FIB.  A
representative microstructure can be seen in Figure 3-4. Figure 3-4A is a TEM bright-
field image depicting alternating CoTiO3 and TiO2 layers.  Figures B and C are dark-
field images from the same region taken at different tilts demonstrating that both the
CoTiO3 and TiO2 have a single orientation within this region, confirming the EBSD
findings.  The orientation relationship between these phases can be identified through
the SAD patterns in Figures 3-4D and E, which were captured under the same tilt
condition.  The orientation relationship is modeled in Figure 3-5 and can be defined as
[0001]CoTiO3 // [100]TiO2, {2-1-10}CoTiO3 // (010)TiO2, where the CoTiO3 c-axis is
parallel to the TiO2 a-axis, and the CoTiO3 a-axis is parallel to the TiO2 b-axis.  Note
that {2-1-10}CoTiO3 // (010)TiO2 and [10-10]CoTiO3 // [001]TiO2 are identical relationships
due to the six-fold symmetry in CoTiO3 around the c-axis.  The significance of this
orientation relationship lies in the parallel alignment of the close-packed oxygen ion
planes in each lattice.  The spacing of these close-packed planes differs by less than
1% (0.232 nm for CoTiO3, 0.230 nm for TiO2).  Further evidence of this relationship
can be seen in the TEM BF images in Figure 3-6.  The eutectoid transformation front
where CoTi2O5 is transforming to CoTiO3 and TiO2 can be seen in the Figure at two
different tilt conditions.  In Figure 3-6A, the dark contrast of the CoTiO3 phase
suggests a similar highly diffracting orientation across multiple lamellae.  In Figure 3-
6B, misfit dislocations can be seen at the CoTiO3/TiO2 interface, the result of the
62
nearly identical d-spacing of the parallel close-packed oxygen ion planes in the two
phases.
Thus, eutectoid decomposition of CoTi2O5 results in the nucleation and
cooperative growth of lamellar CoTiO3 and TiO2 sharing an orientation relationship
such that the close-packed CoTiO3 (0001) basal planes are parallel with the close-
packed (100) TiO2 planes.  Within each individual eutectoid growth, CoTiO3 has a
single orientation, while TiO2 orientation may vary while maintaining the orientation
relationship.  The same orientation relationship has been observed in TiO2 resulting
from partial reduction of CoTiO393 and a similar relationship was observed in the
epitaxial growth of rutile on FeTiO3 ilmenite (isostructural with CoTiO3)64.
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Figure 3-4: TEM of CoTiO3-TiO2 eutectoid composite
TEM characterization of CoTiO3-TiO2 eutectoid composite including BF image (A)
and DF images formed from CoTiO3 (B) and TiO2 (C) diffracted beams.  SADPs from
each phase can be seen in D and E.  Note the single orientation of each phase and the
orientation relationship between them.
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3.3.2. Co-TiO2 composites through partial reduction of CoTiO3-TiO2
eutectoid composites
Co-TiO2 composite powders were produced from the CoTiO3-TiO2 eutectoid
composite powders through partial reduction.  Reduction was carried out at 800 °C for
1 and 3 hours (from the eutectoid composite produced at 1000 °C for 48 hours), and
also at 700 °C for 30 minutes (from the eutectoid composite produced at 1000 °C for
12 hours) to observe microstructural development in the early stages of reduction.
Figure 3-7 compares the microstructure of Co-TiO2 composites produced at 800 °C.
The Co-TiO2 composite microstructure consists of Co particles (white) embedded in a
TiO2 matrix (gray).  The black areas are pores and space between neighboring powder
particles.  Larger Co particles are present at the particle surfaces, but within the TiO2
matrix, the Co particles are generally very fine.  The Co nanoparticles within the TiO2
matrix appear to coincide with the former CoTiO3/TiO2 interfaces, resulting in a
pseudo-lamellar composite microstructure consisting of alternating layers of TiO2 and
discrete Co particles.  Excluding the large surface particles, the Co particles were
measured to be 58 ± 47 nm in diameter at 800 °C for 3 hours, and 49 ± 43 nm at 800
°C for 1 hour.  The negligible difference in Co particle size suggests little coarsening
between 1 and 3 hours of annealing.
The cobalt and TiO2 crystal structures in the composites were determined to be
face-centered cubic (fcc) and rutile through XRD.  The presence of rutile is expected
as it is the stable TiO2 polymorph at atmospheric pressure above 600 °C39, however
cobalt typically partially transforms to the room temperature stable hexagonal close-
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packed (hcp) structure upon cooling through a martensitic transformation51.  The high
temperature fcc phase can be retained at room temperature in fine grained Co56,58,
which is likely the case in these composites.  Previous work on the reduction of
CoTiO3 found that fine Co (~50 nm, similar scale to the Co particles in this work)
formed near the reduction front at 800 °C was hcp, likely stabilized by an identified
orientation relationship with the TiO2 matrix93.  That only fcc Co was observed in
these composites suggests that an orientation relationship may not exist between Co
and TiO2 in these composites, or that the Co particles coarsened sufficiently that the
orientation relationship was lost.
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Figure 3-7: Co-TiO2 composite microstructures from CoTiO3-TiO2 reduction
SEM BSE micrographs of the Co-TiO2 composite microstructures resulting from the
partial reduction of CoTiO3-TiO2 eutectoid composites at 800 °C for 3 hr (A) or 1 hr
(B).  Note the presence of Co particles at the former CoTiO3-TiO2 interfaces.
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The early stages of reduction were studied through reduction of the CoTiO3-
TiO2 composite at 700 °C for 30 minutes.  Representative microstructures can be seen
in Figure 3-8.  Three phases are present: residual CoTiO3 and TiO2 from the eutectoid
composite and cobalt and TiO2 from the reduction of CoTiO3.  In Figure 3-8A, the
residual CoTiO3-TiO2 lamellae can be observed, and new TiO2 regions extending into
the CoTiO3 can be seen in both Figure 3-8A and B.  As CoTiO3 is reduced, TiO2 is
formed on existing TiO2 particles and Co particles are nucleated at the original
CoTiO3/TiO2 interfaces.  This can be observed in the fine lines of discrete Co particles
in the TiO2 matrix.  While the fine Co particles tend to exist in “bands” rather than
discrete lines as seen in Figure 3-8B, they are isolated near original CoTiO3/TiO2
interfaces, suggesting that Co nucleates at these interfaces and grows by diffusion
along these interfaces or through the TiO2 lattice as Co is known to rapidly diffuse
through TiO2110.  Thus the pseudo-lamellar Co-TiO2 microstructure is the result of Co
nucleation at the original CoTiO3/TiO2 interfaces.
Based on the growth of TiO2 resulting from CoTiO3 reduction on existing
TiO2, EBSD of powder particles during the early stage of reduction was conducted to
determine the relationship between the existing and new TiO2. Figure 3-9 shows
representative EBSD maps of a partially reduced CoTiO3-TiO2 composite particle.
The primary CoTiO3 orientation is represented by a light pink color that only exists in
the particle interior as CoTiO3 has been fully reduced to Co and TiO2 near the particle
edges.  Co does not appear in these maps as the particles were too small relative to the
electron beam interaction volume.  The primary TiO2 orientation is a darker shade of
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pink that is observed throughout the particle.  The reduced regions near the particle
edges where only TiO2 is observed appear to be exclusively this orientation.  This
suggests that during reduction of CoTiO3, TiO2 epitaxially grows on existing TiO2,
which results in a single orientation in the reduced regions.  This outcome suggests
that a powder particle consisting of a single eutectoid growth, such as that in Figure 3-
9, would yield nearly single crystal TiO2, with embedded Co nanoparticles, after full
reduction of the CoTiO3 phase.
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Figure 3-8: Early stage partial reduction of CoTiO3-TiO2
SEM BSE micrographs of the early stages of partial reduction of CoTiO3-TiO2 at 700
°C for 30 min.  Partial reduction of the CoTiO3 phase yields Co-TiO2 composites.
Note the formation of Co particles at the former CoTiO3-TiO2 interfaces as CoTiO3 is
reduced to Co and TiO2.
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3.4. Conclusions
The eutectoid decomposition of CoTi2O5 was exploited to generate novel
lamellar CoTiO3-TiO2 eutectoid composites with tailorable interlamellar spacing
through control of annealing time. CoTiO3-TiO2 composites with interlamellar
spacings as small as 470 ± 99 nm after 12 hours at 1000 °C were produced.  An
orientation relationship between the eutectoid products CoTiO3 and TiO2 was
identified as: [0001]CoTiO3 // [100]TiO2, {2-1-10}CoTiO3 // (010)TiO2.  These composites
were then subjected to a reducing heat treatment at 800 °C that resulted in the
formation of Co-TiO2 composites with a novel pseudo-lamellar microstructure.  These
metal-ceramic composites consisted of alternating layers of TiO2 and discrete Co
nanoparticles (< 50 nm) embedded in the TiO2 matrix, resulting from nucleation and
growth of Co particles at the original CoTiO3/TiO2 interface.  The TiO2 resulting from
CoTiO3 reduction grew on the existing TiO2 from the CoTiO3-TiO2 composites,
resulting in a single TiO2 orientation within fully reduced individual eutectoid
growths.  By suppressing CoTiO3-TiO2 eutectoid nucleation, large regions of nearly
single orientation lamellar CoTiO3-TiO2 could be generated and reduced to produce
large TiO2 single crystals with embedded Co nanoparticles.  This approach could
prove useful for production of catalyst materials requiring metal-ceramic composites
and particularly reactive crystal geometries.  In addition, production of these
composites using powder compositions yields a highly versatile material for further
processing.
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Chapter 4
Single crystal growth of CoTi2O5 by solid state reaction synthesis
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4. Single crystal growth of CoTi2O5 by solid state reaction synthesis
4.1. Introduction
As part of a study on CoTiO3-TiO2 composites generated through the eutectoid
decomposition of CoTi2O5 powders, preliminary experiments revealed the formation
of single crystal domains of CoTi2O5 (> 250 μm) subdivided into subgrains
approximately 5 μm in diameter. The unexpected formation of single crystal CoTi2O5
through solid state reaction from an untextured mixture of CoO and TiO2 powders was
investigated, and the underlying mechanisms are explored in this work.  Single crystal
materials have unique properties resulting from the absence of grain boundaries such
as creep resistance111, optical transparency112, and minimized leakage current113, but
the processes necessary to grow single crystals typically involve complex
instrumentation and slow growth as in chemical vapor deposition, or high
temperatures as in melt processes.  The novel single crystal growth observed in
CoTi2O5 in this work is the result of solid-state reaction with no seeding or melting.
Subgrain structures are occasionally observed in ceramics due to deformation or
solidification114–117, but subgrains resulting from solid-state reactions are unusual.  The
mechanisms underlying subgrain formation during CoTi2O5 single crystal formation
are discussed.
A partial phase diagram of the Co-Ti-O system is shown in Figure 4-1, which
was adapted from the work of Jacob and Rajitha102 and Brežný103.  It can be seen that
there are two line compounds, CoTiO3 and CoTi2O5.  To date, work has focused
mainly on CoTiO336,93,118,119, and there has been relatively little characterization of
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CoTi2O5 – a high temperature line compound with the orthorhombic pseudobrookite
crystal structure (space group: Bbmm, 63).  Single crystal CoTi2O5 has been produced
through a melt process utilizing an optical floating zone furnace120,121, however the
solid-state single crystal growth demonstrated in this work has not been previously
reported in this system.  Similar to the other pseudobrookite compounds, the mixing of
cations on particular crystallographic sites results in the entropy stabilization of
CoTi2O5.  The phase diagram predicts that CoTi2O5 will undergo eutectoid
decomposition below ~1140 °C to CoTiO3 + TiO2, however, as seen in this study,
depending on the heat-treatment conditions, CoTi2O5 can be retained at room
temperature.
CoTi2O5 has been observed to be antiferromagnetic122 with possible
applications in magnetic sensors, and has been studied as a photocatalyst123, but other
properties are largely unexplored.  However, the isostructural phases Al2TiO5 and
MgTi2O5 are known for their low thermal conductivity and low thermal expansion,124–
128 and have applications where thermal insulation and thermal shock resistance are
required such as in combustion engines129–132 and catalyst carriers133–135.  A primary
drawback for these materials is their strong anisotropy of thermal expansion, which
leads to poor strength due to extensive microcracking136–139.   Promoting texturing via
single crystal growth may represent a means of improving these materials.
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Figure 4-1 Partial CoO-TiO2 phase diagram
Partial phase diagram of CoO-TiO2 system, adapted from Jacob and Rajitha102 and
Brežný103
78
The single crystal nucleation and growth of CoTi2O5, subgrain formation, and
subsequent microstructural evolution were characterized through scanning electron
microscopy (SEM), electron backscatter diffraction (EBSD), X-ray diffraction (XRD),
transmission electron microscopy (TEM), and scanning transmission electron
microscopy (STEM).
4.2. Experimental Methods
4.2.1. Powder Processing
All samples were produced from a cryomilled powder mixture of CoO and
TiO2 fabricated at the United States Army Research Laboratory (Aberdeen Proving
Ground, MD). The CoO (99% purity) and TiO2 powders (99% purity) were obtained
from American Elements (Los Angeles, CA, USA).  The powders were combined in a
1:2 CoO:TiO2 molar ratio and milled for 6 hours in liquid argon using 0.25 inch 440C
stainless steel balls with a milling media:powder mass ratio of 32:1. The composition
of the cryomilled powder was confirmed with XRD. The cryomilled powder was then
reacted in capped high purity alumina crucibles (99.8%, CoorsTek) in air in a box
furnace, 2-5 grams of powder per sample (CM Furnaces, Bloomfield, NJ, USA).
Reactions were conducted at 1150 °C, 1200 °C, and 1400 °C for times ranging from 0
minutes (immediate cooling after maximum temperature reached) to 48 hours.
Heating and cooling rates of 10 °C/min were used for nearly all experiments, except
where noted; air quenching and a cooling rate of 3 °C/min were also studied.  Because
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the single crystal growth of CoTi2O5 was observed originally as a part of a study on
the eutectoid decomposition of CoTi2O5 powders, for consistency, use of powder
samples was continued for the present investigation.
4.2.2. Characterization
The reacted powders were crushed with an agate mortar and pestle to break up
agglomerates and were characterized with XRD (Malvern Panalytical Empyrean,
Bragg-Brentano geometry, Cu Kα source, 1.54Å). XRD results were analyzed using
the HighScore Plus software and mass fractions of phases were approximated through
a semi-quantitative analysis based on reference intensity ratios and scale factors.
Reference patterns for the CoTi2O5, CoTiO3, and TiO2 phases were obtained from the
ICDD database (PDF 01-076-1600, 01-007-1373, and 00-021-1276 respectively).
Powders were also embedded in epoxy and polished through a final step of 50 nm
colloidal silica to analyze powder particle cross-sections.  The embedded and polished
powders were imaged with SEM (Hitachi S-4300 FESEM) and analyzed with EBSD.
EBSD was performed at 20 kV with 0.1 to 0.2 μm step size (Hitachi S-4300 FESEM
and FEI Scios FIB, EDAX) and used to generate inverse pole figure (IPF) maps, phase
maps, and pole figures.  In inverse pole figure maps (IPF maps), the color of each
pixel in the map corresponds to a color in an inverse pole figure that defines the
crystallographic orientation of the direction normal to the crystal plane parallel with
the specimen surface.  The color of each pixel in a phase map corresponds to a
particular phase.  The pole figures are stereographic projections depicting a particular
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crystallographic direction relative to the principal axes of the specimen. EBSD maps
were overlaid with either image quality or fit maps to provide additional detail to the
maps.  Image quality is a measure of the quality of the EBSD patterns, and fit pertains
to the similarity between the acquired EBSD pattern and the matched calculated
pattern.  The mottled contrast in some maps is the result of noise in the image quality
or fit overlays.  Subgrain sizes and measurements of misorientation were determined
using the TSL OIM Analysis 8 software. Typically, between 200 and 2000 subgrains
were analyzed per condition. The quoted subgrain size corresponds to the diameter of
a circular region with the equivalent area. To determine the misorientation between
neighboring subgrains, 100 to 200 subgrain pairs were measured per condition.  X-ray
energy dispersive spectroscopy (XEDS) was also used to confirm phase identification.
Focused ion beam milling (FEI Scios FIB) was used to create TEM cross-sections
from powder particles, which were then examined in the TEM (JEOL JEM-2000FX,
JEOL JEM-2100, and JEOL JEM-ARM200CF). All TEMs were operated at 200 kV.
4.3. Results
4.3.1. Single crystal growth of CoTi2O5
The reaction of CoO-TiO2 powder at 1200 °C for 6 hours yields particles
consisting of highly textured CoTi2O5, including single crystals, as seen in Figure 4-2.
The IPF maps in Figure 4-2A and 2C depict large regions (up to >250 μm across) of
single crystal CoTi2O5 subdivided into subgrains with nearly identical orientation, as
evidenced by the similarity of colors within these CoTi2O5 domains.  The black
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regions are pores and epoxy surrounding the embedded powder particles.  Under these
reaction conditions the average subgrain size was 4.9 ± 3.0 µm, and the average
misorientation between neighboring subgrains within a domain was 3.7 ± 2.4 degrees.
This can be contrasted with a misorientation of up to 108 degrees between neighboring
domains.  The average orientation spread within a subgrain was only 0.4 ± 0.1
degrees, supporting the existence of discrete subgrains. The subgrains are variable in
size with a nonuniform and unusual morphology; as will be discussed later, this results
from the process of CoTi2O5 formation.  Powder particles may comprise a single
CoTi2O5 domain or multiple domains as seen in Figure 4-2C.  As seen in the phase
maps in Figure 4-2B and 2D, the material was nearly single phase CoTi2O5, with trace
amounts of scattered, isolated CoTiO3 and TiO2 grains.  This result was confirmed
with XRD (Figure 4-13A) in which only CoTi2O5 was observed, suggesting <1%
volume percentages of the reactant phases. While the EBSD maps in Figure 4-2 are
derived from a specimen that was subjected to a cooling rate of 3 °C/min, significant
differences were not observed between samples cooled at 3 °C/min and 10 °C/min.
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4.3.2. CoTi2O5 nucleation and subgrain formation
To ascertain the mechanism responsible for CoTi2O5 single crystal growth, the
precursor CoO-TiO2 powder was reacted at 1200 °C (the same temperature at which
the texturing was observed) for shorter times to observe the initial reaction steps and
early stage microstructure. Figure 4-3 shows the microstructure resulting from a
reaction at 1200 °C with no hold time (i.e., ramp up to 1200 °C, immediately followed
by cooling). The IPF map in Figure 4-3A and the phase map in Figure 4-3B
demonstrate a duplex microstructure characterized by a uniform mixture of equiaxed
CoTiO3 and TiO2 (rutile) grains. The average CoTiO3 and TiO2 grain sizes were 1.7 ±
1.0 µm and 1.2 ± 0.5 µm, respectively. The presence and crystal structure of these
two phases was confirmed through XRD.  Based on XRD the mass percentages of
CoTiO3 and TiO2 are 64% and 36%.  An equimolar mixture of CoTiO3 and TiO2
would be 66% CoTiO3 by mass, indicating the precursor CoO-TiO2 powder is slightly
TiO2 rich.  This is also corroborated by the phase maps in Figure 4-2, 8, and 9 which
exhibit residual TiO2 after complete transformation to CoTi2O5.  Despite heating above
the CoTi2O5 formation temperature (1140 °C), it is apparent that more time is
necessary for significant CoTi2O5 nucleation.  Additionally, it appears that the starting
CoO-TiO2 powders fully reacted to form CoTiO3 + TiO2 during the heating step based
on the absence of CoO observed through SEM and XRD.  This indicates that CoTi2O5
forms only after the initial reaction step in Equation 1:
(1) + 2 → +
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Figure 4-3: EBSD maps of CoTi2O5 precursor mixture
EBSD maps and pole figures from polished cross sections of powder particles formed
from the solid-state reaction of CoO and TiO2 at 1200 °C for 0 hr (heating
immediately followed by cooling at 10 °C/min). The phases present are CoTiO3 +
TiO2. 3A is an IPF map reflecting crystallographic orientation corresponding to the
legend in Fig 4-2E, while 3B is a phase map corresponding to the legend in Fig 4-2F.
3A-D reflect the same region.  Note the absence of texture in the CoTiO3/TiO2 duplex
mixture.
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While Figure 4-3 provides evidence that CoTi2O5 forms from the reaction of
CoTiO3 and TiO2 and not directly from CoO and TiO2, it does not provide an
explanation for the CoTi2O5 single crystal growth.  It can be seen in the pole figures in
Figure 4-3C and 3D that there is no pronounced texture present in the CoTiO3 and
TiO2 mixture.  Thus, the mechanism responsible for the CoTi2O5 texturing is not
dependent on the orientation of the CoTiO3 and TiO2 grains.
Increasing the hold time at 1200 °C to 15 minutes results in the formation of
CoTi2O5 as seen in Figure 4-4.  Air quenching was utilized after the 15 minute hold to
preserve the microstructure during the early stage reactions. The backscattered
electron (BSE) image in Figure 4-4A, and the IPF and phase maps in Figure 4-4B and
4C depict the reaction front where CoTi2O5 is forming from CoTiO3 and TiO2 in the
reaction step in Equation 2:
(2) + →
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Figure 4-4A corresponds to the same heat-treatment as Figure 4-4B and 4C but
is not the same region.  In all images in Figure 4-4, the precursor duplex mixture of
CoTiO3 + TiO2 can be seen on the right side, while CoTi2O5 grows into the mixture
from the left with the reaction front in the center.  In Figure 4-4B it can be seen that
the CoTiO3 and TiO2 grains were randomly oriented as is expected based on the
microstructure at 1200 °C with no hold time.  Additionally, the CoTi2O5 phase shows
a clear texture and subgrains.  The presence of both a single CoTi2O5 crystal and the
existence of subgrains at the reaction front is evidence that the texturing directly
results from the nucleation and growth of CoTi2O5 through the untextured mixture of
CoTiO3 and TiO2. The average subgrain size was 1.6 ± 1.0 µm, the average
orientation difference between neighboring subgrains was 2.5 ± 2.1 degrees, and the
average orientation difference within a subgrain was 0.6 ± 0.2 degrees.  The smaller
subgrain size and misorientation angle compared to CoTi2O5 formed at 1200 °C for 6
hours (4.9 ± 3.0 µm and 3.7 ± 2.4 degrees) suggests that the subgrains coarsen through
elimination of the residual CoTiO3 and TiO2 grains, and that subgrain coarsening
results in increasing misorientation angle. Also of note is the similarity in grain size
between the newly formed CoTi2O5 subgrains and the CoTiO3/TiO2 mixture (1.7 ± 1.0
µm, 1.2 ± 0.5 µm). Though not shown in the figure, the CoTi2O5 domains were
almost always present at powder particle edges, suggesting nucleation of CoTi2O5
predominantly occurs at the particle surface.  It appears that the subgrain morphology
observed in Figure 4-2 directly results from the growth of CoTi2O5 through the
CoTiO3 and TiO2 mixture.  Generally, it appears that the CoTi2O5 grows along the
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CoTiO3/TiO2 phase boundaries based on the existence of few of these diphasic
boundaries in the transformed regions, while CoTiO3/CoTiO3 and TiO2/TiO2
boundaries remain.
The presence of small pores at the reaction front likely results from
decomposition of CoTi2O5 to CoTiO3 and TiO2 and will be further discussed.
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CoTi2O5 subgrain boundaries near the reaction front were also characterized
through TEM. Figure 4-5 depicts STEM micrographs from a thin cross-section that
was extracted by focused ion beam milling from near the reaction front in a partially
reacted powder particle (1200 °C for 30 minutes). Figure 4-5A is a bright field (BF)
STEM image of CoTi2O5 subgrains surrounding a small grain of CoTiO3.  This figure
is representative of the microstructure observed for multiple TEM cross-sections.  The
stepped nature of some of the low angle subgrain boundaries can be clearly seen on
the left.  Stepped boundaries often form in low angle grain boundaries by relaxation of
misfit dislocations into step structures140.  The CoTi2O5 subgrain boundaries appear to
intersect the CoTiO3 grain at its corners, an occurrence that was commonly observed.
Figure 4-5B is a high angle annular dark field micrograph from a CoTi2O5 subgrain
boundary.  The subgrain boundary runs from the top right of the micrograph to the
bottom left.  The subgrain in the top left of the image is oriented such that B = [010]
zone axis, and the subgrain boundary is approximately parallel to the [100] direction
and perpendicular to the [001] direction.  As seen in the image, the subgrain in the
bottom right has nearly the same orientation, although with a slight rotation around the
[100] direction (parallel to the subgrain boundary), and the [010] direction (zone axis).
The misorientation angle across the subgrain boundary was measured through
convergent beam electron diffraction (CBED) analysis of each subgrain and was
calculated to be 1.15°.
Given the complexity of the partially transformed microstructures, to better
illuminate the mechanisms responsible for the CoTi2O5 texturing, it was decided to
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start with a coarser grain mixture of CoTiO3 and TiO2. Accordingly, the CoO + TiO2
powders were heat-treated at 1150 °C for 48 hours. Despite this reaction temperature
being just above the formation temperature, no CoTi2O5 was observed. The coarsened
mixture can be seen in Figure 4-6.  The microstructure is very similar to the finer grain
mixture in Figure 4-3, as the IPF map in Figure 4-6A and the pole figures in Figure 4-
6C and 6D demonstrate that the CoTiO3 and TiO2 grains are randomly oriented.  As
intended the average size of the CoTiO3 and TiO2 grains increased to 4.9 ± 2.6 µm and
3.2 ± 1.6 µm, respectively, a nearly 300% increase.  In the phase map in Figure 4-6B it
can be seen that an additional consequence of the grain coarsening is an apparent
reduction in the diphasic boundary area.
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Figure 4-6: EBSD maps of coarsened CoTi2O5 precursor mixture
EBSD maps and pole figures from polished cross sections of CoTiO3 + TiO2 powder
particles formed from the solid-state reaction of CoO and TiO2 at 1150 °C for 48 hr.
6A is an IPF map reflecting crystallographic orientation corresponding to the legend in
Fig 4-2E, while 6B is a phase map corresponding to the legend in Fig 4-2F.  6A-D
reflect the same region.  Note the absence of texture in the CoTiO3/TiO2 duplex
mixture, and the increase in grain size relative to the microstructure in Fig 4-3.
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Based on the reduction in diphasic boundary area, it was expected that the
growth of CoTi2O5 through the CoTiO3/TiO2 mixture (as observed in Figure 4-4)
would result in an increasingly convoluted reaction front. Figure 4-7 shows the
microstructure at the reaction front after subjecting the coarse CoTiO3 and TiO2
mixture (Figure 4-6) to a 15 minute hold at 1200 °C followed by an air quench (same
heat treatment as sample in Figure 4-4). Figure 4-7A is a BSE image from the
reaction front where CoTi2O5 is growing from the top of the micrograph into the
CoTiO3/TiO2 mixture present at the bottom of the micrograph.  The dark region
towards the top is epoxy beyond the edge of the powder particle.  A small amount of
porosity can again be observed at the reaction front from the decomposition of
CoTi2O5 into CoTiO3 and TiO2. Figure 4-7B and 7C represent the reaction front in a
different region where CoTi2O5 is growing (from right to left) into the CoTiO3/TiO2
mixture.  The preponderance of remnant isophase (CoTiO3/CoTiO3 and TiO2/TiO2)
boundaries in the partially transformed material was confirmation that the CoTi2O5
grows preferentially along the diphasic boundaries between CoTiO3 and TiO2 (see
Figure 4-7). The scale of the CoTi2O5 domains generated from the coarser grained
CoTiO3/TiO2 appear similar to that from the finer grained mixture. Multiple
advancing CoTi2O5 domains can be seen in Figure 4-7B, represented by areas of cyan
subgrains in the right and center, purple subgrains in the center and left, red subgrains
in the bottom left, and pink subgrains in the top left. The average subgrain size was
2.4 ± 1.4 µm, the average misorientation between neighboring subgrains within a
domain was 9.0 ± 4.5 degrees, and the average orientation difference within a subgrain
94
was 0.4 ± 0.2 degrees. If we compare these values to those obtained for subgrains in
the CoTi2O5 domains growing through the finer CoTiO3/TiO2 mixture, the most
significant difference is that the degree of misorientation is higher in the coarse grain
case.  Possible reasons will be discussed in Section 4b.
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4.3.3. Subgrain coarsening
The effect of extended hold time at 1200 °C on the CoTi2O5 microstructure
was also explored. Figure 4-8 shows the microstructure resulting from 24 hours at
1200 °C. Figure 4-8A shows a similar CoTi2O5 microstructure to that in Figure 4-2,
with a large CoTi2O5 domain subdivided into subgrains of similar orientation. Note
that in the EBSD maps the contrast exhibited by the subgrain boundaries varies due to
differences in contrast in the image quality and fit overlays.  The average subgrain size
was 3.4 ± 2.7 µm, the average misorientation between neighboring subgrains within a
domain was 4.0 ± 1.9 degrees, and the average orientation difference within a subgrain
was 0.3 ± 0.2 degrees.  Compare this to subgrains resulting from 6 hours at 1200 °C as
in Figure 4-2, with an average subgrain size of 4.9 ± 3.0 µm, and an average
misorientation between neighboring subgrains within a domain of 3.7 ± 2.4 degrees.
Thus, between 6 and 24 hours of annealing, the CoTi2O5 subgrains exhibit negligible
coarsening. Figure 4-8B shows nearly single phase CoTi2O5 with very few small
residual TiO2 grains, which is expected after an extended hold time.
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The formation of CoTi2O5 at 1400 °C was also investigated to determine the
effect of increased temperature on CoTi2O5 nucleation and growth.  A representative
microstructure from CoO + 2TiO2 reacted at 1400 °C with no hold time (heated to
1400 °C and immediately cooled) can be seen in Figure 4-9. The average subgrain
size was determined to be 2.6 ± 2.1 µm, the average misorientation between
neighboring subgrains within a domain was 5.6 ± 3.7 degrees, and the average
orientation difference within a subgrain was 0.4 ± 0.2 degrees.  As seen in Figure 4-
9A, the overall microstructure of the CoTi2O5 is very similar to that achieved after
long anneals at 1200 °C.  The similarity in domain size for the two reaction
temperatures indicates there is no significant difference in the nucleation rate; the only
difference appears to be more rapid transformation to CoTi2O5.
CoTi2O5 subgrain coarsening was also studied at 1400 °C by increasing the
hold time to 6 hours.  Representative microstructures from these conditions can be
seen in Figure 4-10. Figure 4-10A and 10B are both IPF maps, a phase map has been
excluded because only the CoTi2O5 phase is visible in these maps. Figure 4-10A
shows the existence of very large subgrains/grains, many >30 μm in diameter.
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Figure 4-9: EBSD maps of CoTi2O5 formation at high temperature
EBSD maps from polished cross sections of CoTi2O5 powder particles formed from
the solid-state reaction of CoO and TiO2 at 1400 °C for 0 hr (heating immediately
followed by cooling).  9A is an IPF map reflecting crystallographic orientation
corresponding to the legend in Fig 4-2E, while 9B is a phase map corresponding to the
legend in Fig 4-2F.  9A and 9B reflect the same region.  Note the full transformation
to CoTi2O5.
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Compared to the subgrain size at 1400 °C with no hold time (2.6 ± 2.1 µm), it is
clear that significant coarsening has occurred.  As a result of the coarsening, the
average misorientation between neighboring grains has increased to 15.8 ± 7.7 degrees
compared to 5.6 ± 3.7 degrees at 1400 °C for 0 hours. The within grain spread is 0.5 ±
0.1 degrees. As seen in Figure 4-10B, in some cases coarsening has taken place to
such an extent that the subgrains have been completely eliminated.  In this figure the
interrogated particle appears to consist of two CoTi2O5 grains without subdivisions.
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4.3.4. CoTi2O5 decomposition
Based on the phase diagram (Figure 4-1), CoTi2O5 is expected to undergo a
eutectoid transformation to CoTiO3-TiO2 upon cooling103.  The results of this study
showed that the degree of transformation, as well as the morphology of the
transformed phases, was sensitive to the CoTi2O5 heat-treatment conditions, as well as
the cooling rate.  The effect of cooling rate on the phase make-up of reacted powders
can be seen in Figure 4-11.  An XRD pattern from CoO-TiO2 powder reacted at 1200
°C for 15 min followed by air quenching (as in Figure 4-4) is depicted in Figure 4-
11A, while the XRD pattern in 11B represents a similar powder that was cooled at 10
°C/min. Analysis of the XRD patterns showed a CoTi2O5 mass percentage of 11% in
the quenched sample compared to 6% in the slowly cooled powder.  This result
suggests that a higher proportion of CoTi2O5 decomposes to CoTiO3 and TiO2 during
cooling at the slower cooling rate.  SEM and EBSD characterization of a powder
reacted at 1200 °C for 30 minutes and cooled at 10 °C/min can be seen in Figure 4-12.
The BSE image in Figure 4-12A depicts a region where CoTi2O5 decomposition was
observed.   A region of CoTiO3 and TiO2 with a partially lamellar eutectoid
microstructure is visible; in contact with this region are relatively large and CoTiO3
and TiO2 grains that are morphologically distinct from the lamellar decomposition
products.  These two distinct types of microstructure can also be seen in the EBSD
maps in Figure 4-12B and 12C, which are from a region where a greater degree of
transformation has taken place.  The phase map in Figure 4-12C shows that only a few
small areas of CoTi2O5 remain, surrounded by transformed eutectoid regions
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containing lamellar regions as well as a high density of irregularly shaped CoTiO3 and
TiO2 grains.  The IPF map in 12B shows that these latter grains are in fact continuous
single crystals.  It is suggested that the change in grain morphology arises from a
difference in the driving force for nucleation during cooling.  At low undercooling,
there is less of a driving force for nucleation, resulting in growth on the existing
phases, i.e. a divorced eutectoid decomposition.  At greater undercooling, the lamellar
eutectoid transformation takes place.  A similar transition in mechanism has been
observed in pearlitic steels 107–109.  The presence of small pores in the transformed
region is further evidence of decomposition; they form due to the reduction in volume
associated with the CoTi2O5 to CoTiO3-TiO2 reaction (CoTi2O5 density: 4.27 g/cm3,
CoTiO3-TiO2 average density, equimolar mixture: 4.70 g/cm3).   Interestingly, the
authors are not aware of any reports of the development of a lamellar microstructure
on decomposition of Al2TiO5, even though it is isostructural with CoTi2O5.  Instead,
the decomposed microstructure consists of a mixture of Al2O3 and TiO2 grains141–145.
The effect of hold time at 1200 oC on the volume fraction of CoTi2O5 was
studied using XRD.  In this case the cooling rate was fixed at 10 oC/min.  As seen in
Figure 4-13, after 0 minutes at 1200 °C, no CoTi2O5 was detected.  As the hold time is
increased to 30 minutes, 60 minutes, and 6 hours, the mass percentage of CoTi2O5
increases to 19%, 61%, and finally 100%.  This is reflective of the progressive
transformation of the CoTiO3/TiO2 mixture into CoTi2O5, but also demonstrates that
after 6 hours at 1200 °C, decomposition of CoTi2O5 does not occur.  This result
applies even if the cooling rate is lowered to 3 °C/min (see Figure 4-2).  Thus, it
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appears that longer hold times suppress CoTi2O5 decomposition.  There are several
possible reasons for this behavior.   Firstly, it may be related to the reduction in the
number of potential nucleation sites for the decomposition product phases.  When the
annealing time is short (< 1 hour), due to the growth of CoTi2O5 along the diphasic
boundaries, the interfacial area between the CoTi2O5, CoTiO3, and TiO2 phases is
relatively large (see Figure 4-4 and 7); thus providing a large density of potential
decomposition nucleation sites.  This is consistent with the observation that CoTi2O5
decomposition appears to be restricted to regions near the reaction front; regions
farther from the reaction front consist of isolated, remnant grains of CoTiO3 and TiO2
embedded in a single crystal CoTi2O5 matrix, hence the phase boundary area is less.
This model is analogous to the finding in Al2TiO5 that increasing grain size reduces
the rate of thermal decomposition146.  Alternatively, given that CoTi2O5 is entropy
stabilized, the increased CoTi2O5 stability could be attributed to cation rearrangement
giving rise to increasing disorder in the CoTi2O5 lattice.  An increase in disorder with
temperature has been observed in similar compounds like MgTi2O5147–149, however in
this study the heat-treatments were isothermal.  Clearly further study is required to
distinguish between these proposed mechanisms.
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4.4. Discussion
4.4.1. CoTi2O5 single crystal nucleation and growth
The formation of CoTi2O5 single crystals from the untextured mixture of
CoTiO3 and TiO2 can be attributed to two thermodynamic factors causing the
suppression of CoTi2O5 nucleation.  Firstly, the small driving force for CoTi2O5
formation from CoTiO3 and TiO2 results in a low nucleation rate.  Secondly, the
difference in density between the products and reactants results in a strain energy
component that further reduces the nucleation rate of CoTi2O5.
The standard Gibbs free energy change for the reaction in Equation 2 was
determined by Jacob and Rajitha102 to be:(3) ∆ ± 76/( ∙ ) = 13400 − 9.474 ( / )
Thus, the driving force ΔG0 for the formation of CoTi2O5 from CoTiO3 and TiO2 is
only 557 J/mol at 1200 °C, and 2451 J/mol at 1400 °C. These values are very low, for
example, relative to the formation of CoTiO3 from CoO and TiO2 at 1200 °C (15882
J/mol).  The result is the number of viable nucleation sites will be very few, and
heterogeneous nucleation at the surfaces of the powder particles will be strongly
favored.
Nucleation of CoTi2O5 is additionally suppressed by a strain energy penalty.
The densities of CoTi2O5, CoTiO3, and TiO2 are 4.27 g/cm3, 4.98 g/cm3, and 4.23
g/cm3, respectively.  Thus, the transformation to CoTi2O5 is accompanied by a 10%
molar volume increase.  While elastic properties for CoTi2O5 have not been reported,
Freudenberg and Mocellin150 estimated the strain energy for formation of Al2TiO5
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from Al2O3 and TiO2, which is accompanied by an 11% molar volume increase, under
a variety of nucleation conditions. It was determined that based on the stiffness values
of the matrix and inclusion, the only plausible nucleation site was within bulk TiO2,
with the reaction occurring by Al3+ and Ti4+ inward diffusion.  All other sites were
determined to be too energetically unfavorable for nucleation.  However, in this work
no evidence of nucleation within TiO2 was observed at 1200 °C (nucleation could not
be gauged at 1400 °C due to the extent of transformation), and CoTi2O5 nucleation
was exclusively observed to occur on particle surfaces.  This implies that either the
strain energy or interfacial energy contribution was significant enough to restrict
CoTi2O5 nucleation to the free surfaces of powder particles.  Given that the free
energy of CoTi2O5 formation increases by less than an order of magnitude from 1200
°C to 1400 °C, it is expected that there will be a similar density of nuclei at both
temperatures.  This is supported by the similarity in the scale of the domain structures
at the two temperatures, as seen in Figure 4-2 and 9.
Following CoTi2O5 nucleation, preferential growth of single crystals occurs
along the CoTiO3/TiO2 diphasic boundaries, where the two reactant phases are in
direct contact.  This is evidenced by the observation of very few such boundaries near
the reaction front, while CoTiO3/CoTiO3 and TiO2/TiO2 boundaries remain (Figure 4-
4 and 7).   At the diphasic boundaries, enhanced diffusion can occur along the various
interphase boundaries (CoTiO3/TiO2, CoTiO3/CoTi2O5, TiO2/CoTi2O5), but once a
grain of CoTiO3 or TiO2 becomes isolated and completely enveloped by CoTi2O5,
diffusion must occur either through the CoTi2O5 lattice or along the low angle
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CoTi2O5 subgrain boundaries.  Thus, two CoTi2O5 growth regimes can be considered,
the first regime is relatively rapid, and is governed by diffusion at interphase
boundaries, and involves CoTi2O5 growth through the CoTiO3/TiO2 mixture.  The
second regime occurs more slowly, is governed by diffusion through the CoTi2O5
lattice and subgrain boundaries, and involves elimination of isolated CoTiO3 and TiO2
grains. The overall transformation kinetics, therefore, are dependent on the starting
grain size. While diffusivity values through CoTi2O5 have not been reported, it can be
reasonably assumed that transport through the CoTi2O5 lattice and along the low angle
subgrain boundaries is significantly slower than along the higher angle interphase
boundaries.  A similar observation of multiple diffusion regimes has been reported
with regards to Al2TiO5 formation, where the elimination of residual oxides is rate-
limited by slow diffusion through the Al2TiO5 lattice150,151.  It is also possible that
diffusion through the TiO2 lattice plays a large role in the fast diffusion regime, and
the report of rapid cobalt diffusion through TiO2 supports this possibility110.
It may be expected that CoTi2O5 growth along the diphasic boundaries would
be inhibited due to the strain energy associated with the transformation.  In the case of
Al2TiO5, Freudenberg and Mocellin suggested that growth in dense bulk specimens
was accommodated by stress relaxation, possibly through plastic deformation of
TiO2150. However, in this study, TEM investigation did not reveal high dislocation
densities in the titania.  Instead, we propose that due to the lack of bulk constraint, the
volume increase can be accommodated simply by an expansion in the particle size.
This is also supported by the absence of cracking in the powder particles.  This of
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course raises the question whether comparable results would be achieved for bulk
samples.  Although more detailed work is necessary, exploratory experiments on bulk
pellets of CoTi2O5 showed that they exhibited microstructures very similar to those
obtained in powders.
The microstructure is relatively stable at 1200 °C after full transformation to
CoTi2O5, with negligible subgrain coarsening and thus negligible change in
neighboring subgrain misorientation angle between 6 and 24 hours (Figure 4-2 and 9).
This can be contrasted with the significant coarsening observed between 0 and 6 hours
at 1400 °C.  A possible explanation for the difference in coarsening is that the
activation energy for migration of the low angle CoTi2O5 subgrain boundaries is only
exceeded at 1400 °C.  The coarsening is accompanied by a corresponding increase in
neighbor subgrain misorientation angle, as more distant subgrains form new
boundaries with each other.  Increasing misorientation angle with subgrain coarsening
has been observed in melt-grown high Tc superconducting materials115,116.
The observed growth mechanism involves solid state reaction and epitaxial
precipitation on a growing crystal.  It is unusual because the reaction front can exhibit
“finger-like” growth, progressing preferentially along multiple diphasic boundaries,
resulting in a pseudo-single crystal.  As described above, there are several reasons why
the process is favored in the case of CoTi2O5.  In principle, however, this mechanism
may be more generally applicable to other systems where the single crystal
composition can be formed by reaction synthesis of two compositionally distinct
phases.  An important proviso is the suppression of multiple nucleation, which
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potentially could be achieved by top seeding with a single crystal152–154 and controlling
the growth temperature.  In terms of technological importance, ferroelectric and
relaxor materials are clearly good candidates for further exploration of this crystal
synthesis route.
4.4.2. CoTi2O5 subgrain formation
The formation of subgrains occurs during CoTi2O5 growth through the
CoTiO3/TiO2 mixture as observed in Figure 4-4 and 7.  Several possible mechanisms
for the formation of these subgrains were considered. Firstly, in a process similar to
recovery or creep, subgrains may form through the coalescence of dislocations
resulting from relaxation of transformation stresses155,156.  Subgrains have also been
observed to form in alumina subjected to high strain rate deformation114. Although
this mechanism cannot be ruled out, it is believed to be unlikely because dislocations
were invariably observed in the form of sub-boundaries, and there was no evidence of
dislocation structures consistent with slip.
Instead, it is hypothesized that as the CoTi2O5 crystal grows along a given
CoTiO3/TiO2 boundary, the lattice undergoes slight adjustments in crystallographic
orientation.  This may be in order to adopt more energetically favorable configurations
at the CoTi2O5/CoTiO3 and CoTi2O5/TiO2 interfaces, or simply due to mistakes in the
growth.  A subgrain boundary is then formed either when the CoTi2O5 crystal grows
around a CoTiO3 or TiO2 grain corner and discontinuously rotates, or when it
impinges on a separate CoTi2O5 outgrowth.  The slight difference in orientation is
113
accommodated by an array of misfit dislocations, thus resulting in a subgrain
microstructure as seen in Figure 4-5.  Evidence of this process can be seen in Figure 4-
4, 5, and 7 where the subgrain boundaries often intersect CoTiO3 and TiO2 grains at
their corners where different crystal faces meet.  Note that this phenomenon may also
be expected as a result of minimization of line tension resulting in dislocation
coalescence157, however the absence of dislocation meshes at these boundaries
supports a growth mechanism rather than a recovery mechanism for subgrain
formation158–160.  This process also accounts for the misorientation and morphology
differences in CoTi2O5 subgrains growing through fine versus coarse CoTiO3/TiO2
mixtures as depicted in Figure 4-4 and 7.  The larger grain faces in the coarse
precursor mixture provide a greater growth distance before self-impingement at grain
corners, resulting in larger subgrains (2.4 ± 1.4 μm vs 1.6 ± 1.0 μm).  A significantly
higher misorientation between subgrain neighbors is also observed in the coarser
subgrains (9.0 ± 4.5 degrees vs 2.5 ± 2.1 degrees).  This suggests that due to the longer
growth distances, the greater accumulation of defects gives rise to a higher degree of
rotation of the CoTi2O5 lattice.
Subgrain formation during crystal growth has been observed in other contexts,
such as YSZ growth on polycrystalline Al2O3161, liquid phase recrystallization of Si on
SiO2162, melt-grown RE-Ba-Cu-O (RE = Y, Sm, Nd)115–117, local compositional
disorder strain-induced subgrains in CaCu3Ti4O12163,  sublimation-mediated growth of
SiC crystals164, and the formation of siderite (FeCO3mineral) on calcite (CaCO3
mineral)165.  Subgrain formation from growth in several of these cases is the result of
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crystallographic growth rate gradients, which does not appear to be the case in the
present work.  However, the mineral siderite has been observed to form subgrains
during topotaxial growth on calcite crystals in a similar process to the one
hypothesized for CoTi2O5 subgrain formation.  The primary difference is that siderite
and calcite have a defined orientation relationship and only single-phase boundaries
are involved, whereas the CoTi2O5 grows through a randomly oriented matrix of
CoTiO3 and TiO2.  However, the fact that the small misorientations in siderite growth
leading to subgrain formation are induced by topotaxial growth lends support to the
current hypothesis.
The CoTi2O5 lattice rotations suggest that the minimization of surface energies
may play an important role in the context of CoTi2O5 growth.  This would be
expected, due to the high interfacial area between the advancing single crystal
CoTi2O5 and the adjacent CoTiO3 and TiO2 grains.  The low driving force for CoTi2O5
formation, as well as the additional strain energy driving force penalty, likely make
surface energy minimization a significant factor for CoTi2O5 growth.  Unfortunately,
no interfacial energy data exists in the literature for this system.  Future work in
measuring these interfacial energies through thermal etching and atomic force
microscopy would lend support to this argument, but such experiments were outside
the scope of this work.
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4.5. Summary and Conclusions
Pseudo-single crystal CoTi2O5 powders were synthesized by solid state reaction of
CoTiO3 and TiO2.  The resulting CoTi2O5 microstructure was characterized through
SEM, EBSD, XRD, TEM, and STEM, and found to consist of large single crystal
domains on the order of the powder particle size; the domains were subdivided into
subgrains.  The low free energy of formation of the entropy stabilized CoTi2O5, in
conjunction with a high associated strain energy of formation, results in limited
nucleation, with sites restricted to powder particle surfaces.  Growth of CoTi2O5 takes
place preferentially along CoTiO3/TiO2 diphasic boundaries. Impingement of slightly
misoriented CoTi2O5 outgrowths results in the formation of subgrains. The domain
microstructure observed for CoTi2O5 formation at 1200 °C and 1400 °C was similar,
indicating little change in the nucleation and growth mechanism at the higher
temperature, although significant subgrain coarsening occurs with prolonged
annealing at 1400 °C.  For cases where decomposition of the CoTi2O5 occurred on
cooling, both divorced and lamellar eutectoid morphologies were observed.
Increasing annealing time or temperature to ensure full formation of CoTi2O5
suppresses decomposition into CoTiO3 and TiO2 by limiting the number of nucleation
sites for the eutectoid decomposition reaction, and thereby increasing the incubation
time required to initiate the reaction.
This work represents the first observation of single crystal growth through solid
state reaction synthesis in the Co-Ti-O system.   Although starting powders of CoO
and TiO2 were utilized in this work, any approach resulting in a fine, dense mixture of
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equimolar CoTiO3 and TiO2 should yield similar results.  Based on the results from
this study, effective strategies favoring the production of single crystal CoTi2O5
through solid state reaction synthesis can be proposed. An initial fine-grained duplex
structure will result in more rapid transformation, smaller subgrains, and a lower
degree of subgrain misorientation.  Eutectoid decomposition can be avoided by: a)
prolonged annealing of the CoTi2O5 at a temperature above the transformation
temperature (1140 oC), b) faster cooling rates, and c) starting with a CoTi2O5 sample
with little remnant CoTiO3 and TiO2 phases. While CoTi2O5 has not been well
characterized, these findings may translate to widely used similar pseudobrookite
compounds such as MgTi2O5 and Al2TiO5.
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Chapter 5
Novel Scalable Processing and Mechanical Characterization of a Cu-Al2O3
Layered Nanocomposite
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5. Novel Scalable Processing and Mechanical Characterization of a Cu-Al2O3
Layered Nanocomposite
5.1. Introduction
Structural ceramics boast several useful mechanical properties such as high
stiffness, hardness, and strength, but their applications are often limited by poor
fracture toughness and brittle fracture behavior.  One approach for alleviating these
shortcomings is the incorporation of a ductile metal phase. The ductile phase
increases the toughness of the composite by plastically deforming and bridging cracks,
thus increasing the energy required for crack propagation.166
Metal-ceramic composites combine the high stiffness and hardness of ceramics
with the fracture toughness of metals and have been utilized since the advent of
cemented carbides.  Metal-ceramic composites, or cermets were first developed and
applied as cutting tools in the 1920s as cemented carbides.167 The bulk of cermet
research continues to be dedicated to carbides, borides, and nitrides168–176, with
increasing interest in oxide-based cermets.  Al2O3 is often used in such composites for
structural applications especially at high temperature due to its strength and refractory
nature.  Various metal-Al2O3 composites have been produced including Co-Al2O3177,178
and Ni-Al2O3179–182. Mechanical characterization generally shows increasing fracture
toughness and decreasing strength with increasing metal phase fraction.
One obstacle in the development of metal-ceramic composites is the
complexity of processing.  Common methods include melt infiltration183, pressureless
sintering180, hot pressing184, and directed metal oxidation185.  Melt infiltration involves
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penetrating a porous ceramic preform with molten metal, while pressureless sintering
and hot-pressing involve straightforward densification of the component phases with
or without pressure.  The partial oxidation of metal through directed metal oxidation
can also yield metal-ceramic composites.
The composite processing technique utilized in this work, in-situ partial
reduction, consists of the partial reduction of a mixed oxide compound yielding a two-
phase metal-ceramic composite material.  This process was demonstrated by Ustundag
et al. in the Fe-Mn-O and Ni-Al-O systems186–188.  A large difference in the stability of
the component oxides is critical such that processing conditions exist where one oxide
can be completely reduced to metal, while the other oxide retains its properties.  This
method is advantageous for the potential to create near net shape products using
conventional ceramic processing techniques, followed by a simple reduction heat
treatment resulting in a metal-ceramic composite.  Additionally, by controlling the
time and temperature of the reduction heat treatment, the scale of the metal phase in
the composite can be controlled.
Kracum et al. demonstrated that applying this process to the mixed oxide
CuAlO2 yields a Cu-Al2O3 composite with a layered, hierarchical structure and
nanoscale features as seen in Figure 5-1189. Byrne et al. also studied the reduction of
CuAlO2190. This microstructure differs greatly from the typical metal-oxide composite
microstructure consisting of rounded metal particles embedded in the oxide matrix as
seen in Figure 5-2.  Given the phenomenal mechanical properties exhibited by
hierarchical composites found in nature like the mollusk shell191–193, it is expected that
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this composite may also exhibit unique and superior mechanical properties.  Cu-Al2O3
composites have been explored in the form of Al2O3 particle reinforced metal matrix
composites194–196, Cu-infiltrated Al2O3 preforms197, and Cu particle-reinforced Al2O3
matrix composites198.  However, none of these composites exhibit the unique structure
resulting from the reduction of CuAlO2. Through microcantilever beam bending, the
fracture toughness of this composite was evaluated.
While the in-situ partial reduction method may be utilized to generate these
unique Cu-Al2O3 composites, there are major obstacles for producing the material
beyond laboratory scale.  The three primary issues are porosity, scalability, and non-
uniformity.  Porosity is an inherent issue as the phase transformation from a relatively
low-density oxide to a much higher density metal phase results in a volume reduction
of ~17% for Cu-Al2O3 composites produced from CuAlO2.  This volume change is
manifested as porosity within the composite and degrades mechanical properties.
Secondly, because the technique relies on the outward diffusion of oxygen to generate
the composite, the volume of composite material that can be created within a practical
time frame is very limited, especially at the low temperatures required to generate
nanoscale features.  Fully transformed bulk material would also be highly non-uniform
as the elapsed time from initial transformation would be much greater nearer the
surface of the material where much more coarsening would be observed.
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However, a new scalable process for generating dense, uniform metal-ceramic
composites with unique microstructures is proposed here (Figure 5-3) and will be
applied to the Cu-Al2O3 system.  By applying the reduction heat treatment to mixed
oxide powders instead of bulk specimens, the reduction time is greatly reduced, and
non-uniformity is limited.  The resulting hierarchically structured composite powders
can then be consolidated and sintered under pressure to maximize density.
Consolidation techniques including spark plasma sintering (SPS) and aerosol
deposition method (ADM) will be applied. SPS is a field-assisted sintering technique
involving joule heating of a graphite die under pressure that permits rapid heating rates
(up to 1000°C/min)199 and thus minimizes overall firing time.  The shortened sintering
time and application of pressure is ideal for maximizing densification and minimizing
coarsening, which is critical for preserving the nanoscale features of the composite
powders within the bulk composites. ADM is a physical deposition process involving
the spraying of powders into thick films of up to several hundred micrometers at
moderate vacuum conditions of 1-20 Torr at room temperature101.  High film density
of greater than 95% can be achieved.  Densification occurs due to the high velocity as
which the powder particles contact the substrate. Thus, hierarchically structured Cu-
Al2O3 composites with nanoscale features can be created in bulk.
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The concept of producing composite powders through the application of a
reducing heat treatment is not new and has even been applied to the Cu-Al2O3
system.198,200,201 In all these cases however, a mechanical mixture of copper oxide and
Al2O3 is reduced yielding a mixture of Cu and Al2O3 particles without unusual
microstructural features (though particles may be nanoscale).  The process proposed
here is novel as it involves the reduction of a mixed oxide compound powder (CuAlO2
in this case) as opposed to a mixture of oxides. The unique properties of the precursor
oxide give rise to the unique microstructure of the resulting composite as described in
detail by Yu et al.202 Meanwhile, reduction and consolidation of powder alleviates the
issues of porosity, scalability, and uniformity in the final bulk composites.
In order to optimize these composites, adhesion and wetting between the two
phases must be improved. Metals generally do not wet oxides203 well which limits the
toughening effect of the metal phase in metal-ceramic composites.  Increased wetting
is associated with increased adhesion204 which limits crack growth at the metal-
ceramic interface and promotes crack bridging by the metal phase. Thus, improving
wetting should improve fracture toughness of the composite. Much of the research
into metal wetting on oxides has been in relation to ceramic-metal joining.  Strong
ceramic-metal interfaces are critical to the joining process and have primarily been
achieved through various means including partial oxidation and diffusion bonding.205
In metals with appreciable solubility of oxygen, increasing pO2 results in
progressively improved wetting on oxides. A proposed mechanism is that metal-
oxygen clusters form and adsorb to the ceramic at the interface, strengthening the
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bond between the ceramic and metal.206 Diffusion bonding of ceramics and metals
occurs through a phase transformation at the interface where an interphase layer is
formed that is strongly bonded to both ceramic and metal phases.  An example of this
is the NiAl2O4 spinel interphase that forms when Ni and Al2O3 are diffusion bonded
together.206 Annealing in an oxidizing environment has been demonstrated to improve
the wetting of Cu on Al2O3 with both metal-oxygen cluster adsorption207,208 and
diffusion bonding209 suggested as possible mechanisms.  Thus, annealing Cu-Al2O3
composites in an oxidizing environment may provide additional improvements in
strength and fracture toughness by improving the bond between the Cu and Al2O3
whether through the formation of Cu-O clusters or a CuAlO2 bonding layer.
5.2. Experimental Procedure
5.2.1. Powder Processing, Consolidation, and Characterization
CuAlO2 powders were produced through solid state reaction of Cu2O (99.9%,
Alfa Aesar) and α-Al2O3 (99.99%, Sumitomo) in a 1:1 molar ratio, in capped high
purity alumina crucibles at 1100 °C for 48 hours in air in a box furnace (CM Furnaces,
Bloomfield, NJ, USA). This temperature was selected based on the Cu2O-Al2O3 phase
diagram210. Before reaction, Cu2O+Al2O3 powder mixture was thoroughly mixed by
jar milling for 8 hours in 190 proof ethanol in LDPE bottles half filled with 3 mm
diameter YSZ milling media, and dried. Large agglomerates were crushed with an
agate mortar and pestle. Heating and cooling rates of 5 °C/min were used for all heat
treatments.
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Partial reduction of CuAlO2 to Cu-Al2O3 composite powders was performed in
99.6% pure alumina crucibles (AdValue Technology) subjected to annealing
treatments in a reducing atmosphere in a tube furnace (99.6% pure alumina tube,
AdValue Technology, Lindberg/Blue M 1700C tube furnace, ThermoFisher
Scientific). Annealing temperatures and times ranging from 600 – 1000 °C and 1 to 6
hours were used.  For some experiments, multiple temperatures were tested in a single
furnace run by taking advantage of the thermal gradient within the tube furnace.  The
thermal gradient was measured by moving the B-type thermocouple 5 mm within its
Al2O3 insulating tube and waiting for the temperature reading to stabilize for 5
minutes.  The thermal gradient was mapped every time the annealing temperature or
gas flow rate was changed. Several gas compositions were used for reduction anneals,
including: 95% N2 5% H2 (Airgas, pO2: 10-18 atm), 6600 ppm H2 + 20 ppm O2 + N2
(Praxair, pO2: 10-15 atm), 700 ppm H2 + 20 ppm O2 + N2 (Praxair, pO2: 10-13 atm), and
100 ppm H2 + 20 ppm O2 + N2 (Praxair, pO2: 10-11 atm). 10 ppm O2 + N2 (Praxair)
and 100% O2 (Airgas) gases were also used for an oxidation anneal experiment. Gas
flow rates of 0.1 L/min and 1.0 L/min were used. Some powders were attrition milled
to reduce particle size.  Attrition milling was performed in a PTFE lined tank with
YSZ 3 mm diameter milling media in ethanol for 15 minutes to 2 hours. Powder
particle sizes were measured by determining individual particle areas in SEM
micrographs using ImageJ software and converting the cross-sectional areas to the
equivalent diameters, assuming the particles are approximately spherical.  More than
1000 particles were measured per composite.
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Some powders were consolidated with SPS (Thermal Technology).  Powders
were loaded into 20 mm diameter graphite dies lined with graphite foil.  Sintering was
performed under 50 MPa at 900 – 1000 °C for 5 to 30 minutes. Aerosol deposition
was performed on glass substrates at the U.S. Naval Research Laboratory
(Washington, D.C). Powders were sieved to 125 µm, then deposited with bottled air
as the flow gas (12.75 L/min).  Films 7 x 7 mm with thicknesses varying from 15 to 45
µm were produced at a 0.65 mm/min scan speed with a nozzle standoff of 7.5 mm.
Vickers microindentation (LECO LM series) was performed under multiple loads with
a hold time of 10 seconds.  At least 10 indents were performed per condition on a flat
polished surface.
Reacted powders were crushed with an agate mortar and pestle to break up
agglomerates and were characterized with XRD (Malvern Panalytical Empyrean,
Bragg-Brentano geometry, Cu Kα source, 1.54Å).  Reference patterns for Cu, Cu2O,
CuO, CuAl2O4, CuAlO2 3R and 2H, α-Al2O3, θ-Al2O3 phases were obtained from the
ICDD database (PDF 00-004-0836, 00-005-0667, 00-041-0254, 00-033-0448, 00-035-
1401, 01-077-2494, and 00-023-1009 respectively). Powders and other specimens
were also embedded in epoxy and polished through a final step of 50 nm colloidal
silica to analyze cross-sections.  The embedded and polished specimens were imaged
with SEM (Hitachi S-4300 FESEM).  X-ray energy dispersive spectroscopy (XEDS)
was also used to confirm phase identification.
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5.2.2. Microcantilever Beam Bending Tests
Microcantilever beams were produced by first polishing 2 orthogonal surfaces
of a bulk Cu-Al2O3 composite specimen, approximately 3 x 3 mm, to a final polish of
1 µm. The bulk specimen was produced by reducing dense CuAlO2 under 95% N2 5%
H2 flow for 3 hours at 1000 °C (Centorr M60 furnace). Beams were then milled from
the specimen edge using a focused ion beam (FIB, FEI Scios), as seen in Figure 5-3.
Microcantilever beam dimensions were 15 µm long, with a 3 x 3 µm cross section.
All surfaces were polished with the ion beam to minimize surface flaws.  A notch was
created in each beam, 12 µm from the end, using the smallest possible beam current
(10 pA) to ensure as sharp a precrack as possible.  Beam bending tests were conducted
using a Hysitron PI-85 SEM in-situ nanoindentation system.  A load was applied with
a 1 µm diameter cono-spherical diamond tip 3 µm from the end of the beam, 9 µm
from the notch.  The load was continuously increased at 5 uN/sec until fracture, as
seen in Figure 5-5.  Beams were produced in two orientations to measure fracture
toughness anisotropy in the Cu-Al2O3 nanocomposite region between the large Cu
lamellae. Five beams were tested in each orientation. In orientation 1, the Cu
nanolamellae are parallel to the long axis of the microcantilever beam, as seen in
Figure 5-6.  In orientation 2, the Cu nanolamellae are perpendicular to the long axis of
the microcantilever beam, as seen in Figure 5-7.  In each of these Figures, (A) is a
schematic representation of the composite microstructure in the microcantilever beam,
where the white layers represent the Cu nanolamellae, and the gray regions represent
the Al2O3 layers.  (B) is a representation of the cantilever beam morphology relative to
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the bulk composite, and (C) is a micrograph of an actual beam of the given orientation.
After fabricating and notching each beam, the distance between the notch and loading
point (L), the beam width (W), beam thickness (B), and notch depth (a) were measured
through electron imaging in the FIB.  After each bend test, the load at fracture was
recorded (F).  Using these values, the equation below was used to calculate the KIc
value. = 6 √ ∙ ( )
The geometric factor f(a/W) was determined through finite element analysis
(Abaqus) based on the particular microcantilever geometry used in this study and is
valid for 0.3 < (a/W) < 0.5211.= 1.122 − 1.40 + 7.33 − 13.08( ) + 14.0( )
This model assumes isotropic material properties, however, which is not true of the
composite tested.  Also assumed is linear elastic behavior, which was observed in the
load versus displacement plots obtained from each test.
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5.3. Results and Discussion
5.3.1. Fracture toughness of bulk Cu-Al2O3 composite
Beam bending testing of Cu-Al2O3 lamellar composites in 2 orientations
yielded KIc fracture toughness values of 1.81 ± 0.60 MPa√m for orientation 1 (Cu
lamellae parallel to beam) and 0.49 ± 0.36 MPa√m for orientation 2 (Cu lamellae
perpendicular to beam). This confirms that significant mechanical anisotropy exists in
the Cu-Al2O3 composite, as expected based on the microstructure. These values can
be compared to a value of 1.5 MPa√m that was measured in similar microcantilever
beam bending tests with polycrystalline α-Al2O3 by Norton et al212.  Though linear
elastic behavior was observed in the load versus displacement plots obtained from
each individual bend test, some evidence of plasticity can be observed in the fracture
surfaces from microcantilevers in orientation 1 (Figure 5-8).  In all micrographs in this
Figure, plastic deformation and necking suggesting crack bridging can be observed in
the Cu particles at the fracture surface.  However, the toughening contribution from
the Cu particles appears to be neglible based on a comparison to polycrystalline α-
Al2O3.  It is also possible that the Cu-Al2O3 composites tested in this work are
fundamentally different than dense polycrystalline α-Al2O3, and thus should not be
directly compared. One primary difference is the existence of Al2O3 in the little
characterized monoclinic θ phase in the Cu-Al2O3 composite, which likely has
different mechanical properties than α-Al2O3.  Additionally, as noted the Cu-Al2O3
composite produced from bulk CuAlO2 contains a significant amount of porosity that
can reduce the fracture toughness.  This effect can be clearly seen in fracture surfaces
136
from microcantilevers in orientation 2 as seen in Figure 5-9.  Long pores exist where
Cu has dewetted from its original position between the Al2O3 layers. The pores can
also be clearly seen in Figures 5-6C and 5-7C. These pores make the Cu-Al2O3
composite extremely weak and brittle in the direction perpendicular to the Cu
lamellae.  In fact measuring the fracture toughness in orientation 2 was challenging as
microcantilevers would routinely fracture away from the notch as the long pores
themselves act as large notches. Additionally, there does not appear to be any plastic
deformation of the Cu particles at the fracture surface in orientation 2. The low
toughness and lack of plastic deformation of Cu in orientation 2 suggests little
adhesion between Cu and Al2O3.
The results from the fracture toughness study of Cu-Al2O3 composite produced
through reduction of bulk CuAlO2 affirm the need for an improved processing
approach.  The porosity within the composite and poor adhesion between the phases
can be attributed to overannealing resulting in dewetting of Cu, an outcome that is
inevitable during reduction of bulk precursor mixed oxides.  By applying partial
reduction to powders, ideal microstructures with greater uniformity may be obtained.
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5.3.2. Cu-Al2O3 composite powder processing
The first step in Cu-Al2O3 composite powder production, production of the
CuAlO2 precursor powder, can be seen in Figure 5-10.  On the left, an SEM BSE
micrograph of a polished cross section of the as-milled Cu2O+Al2O3 powder mixture
mounted in epoxy can be seen.  The Cu2O powder (lighter phase) is significantly
coarser than the Al2O3 powder (darker phase), but fully reacts to form single phase
CuAlO2 as seen in the right image. While the CuAlO2 crystallites themselves are < 5
µm, they are arranged into large hard agglomerates > 100 µm in diameter as seen in
the lower magnification micrograph of the CuAlO2 powder in Figure 5-11.  XRD
patterns from the powder before and after reaction can be seen in Figure 5-12.  While
the CuAlO2 powder is single phase, two polymorphs are present, 3R and 2H, which
differ in stacking sequence of the close packed basal (0001) planes213.  3R is the
predominant structure.  Differences in composite microstructure resulting from the
different polymorphs have not been observed.
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The Cu-Al2O3 composite powder resulting from CuAlO2 powder reduction can
be seen in Figure 5-13.  SEM BSE micrographs are shown from polished cross
sections of composite powders mounted in epoxy resulting from reduction at different
times and temperatures under 95% N2 5% H2 flow at 1 L/min.  XRD confirms that the
powders are fully reduced and composed of Cu and θ-Al2O3 phases, which mirrors
results from bulk CuAlO2 reduction.  The microstructure is also similar to that of bulk
Cu-Al2O3 composite, characterized by Cu lamellae in an Al2O3 matrix.  However, the
composite microstructure appears to be overannealed, resulting in dewetting of the Cu
lamellae, leading to Cu coarsening and porosity within the composite. Additionally,
there appears to be little difference in microstructure resulting from either time or
temperature of reduction between 850 – 1000 °C and 1 – 3 hours.
In an effort to minimize Cu dewetting and coarsening, lower reduction
temperatures as low as 650 °C were utilized. As seen in Figure 5-14, this represents
the lower bound of temperatures at which CuAlO2 may be reduced under 5% H2 95%
N2 flow, based on the calculated pO2 of 10-18 atm.  This result is largely consistent
with reduction conditions predicted for Cu2O, where equilibrium reduction is expected
to occur around 600 °C based on published Ellingham diagrams214. After annealing
for 1 hour at 650 °C, as seen in the left micrograph, the early stages of reduction can
be observed.  Cu particles first form on the powder particle surfaces, then Cu lamellae
form in the powder particle interiors as reduction progresses. The formation of Cu
particles on the powder surfaces is useful, as it may aid in densification. The
composite microstructure at the end of reduction can be seen on the right, after
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reduction for 1 hour at 700 °C.  The Cu lamellae are clearly finer than those observed
at higher temperatures as in Figure 5-13, however some porosity resulting from Cu
dewetting still appears to be present.
In order to optimize the composite powder microstructure and promote wetting
between the Cu and Al2O3 phases, multiple approaches to increasing the oxygen
content within the Cu phase were attempted.  Annealing the composite powders under
oxidizing gas flow did not improve wetting as seen in Figure 5-15.  A 3 hour oxidizing
anneal at 1000 °C was applied to Cu-Al2O3 powders reduced for 3 hours at 1000 °C
under 95% N2 5% H2 flow (1 L/min).  Two gas compositions were utilized, 10 ppm O2
+ N2, and 100% O2.  As seen in the Figure, the anneal under 10 ppm O2 flow had no
positive effect on Cu wetting, resulting only in additional coarsening and dewetting.
Annealing under 100% O2 flow resulting in complete oxidation of the powder, and
conversion to CuO (light phase) and CuAl2O4 (darker phase) as confirmed by XRD.
As additional anneals would inevitably result in coarsening of the Cu particles, a
different approach was attempted, wherein the composite was formed in a higher pO2
environment by increasing the pO2 during the CuAlO2 reduction anneal.
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The Cu-Al2O3 composite powder microstructures resulting from CuAlO2
reduction under various pO2 environments can be seen in Figure 5-16.  XRD patterns
from the same composites can be seen in Figure 5-17.  Four different gas compositions
were tested at a flow rate of 1 L/min at 1000 °C for 3 hours.  The associated pO2 for
each composition is noted in the Figure.  Based on the stability of Cu2O, CuAlO2 is
expected to be reduced at 1000 °C at a pO2 of < 10-8 atm214.  This is consistent with
the observed results, as a small amount of reduction was observed under this
atmosphere, as seen in the micrograph and XRD pattern.  At pO2 = 10-13 atm, more
reduction was observed, but the powder was not fully converted to Cu-Al2O3
composite.  However, major microstructural differences were observed.  The Cu
lamellae appear to be much longer and more densely present within the Al2O3 matrix,
with no appearance of dewetting and porosity.  A similar microstructure was observed
at pO2 = 10-15 atm, though with some evidence of dewetting.  However, full reduction
was achieved.  At pO2 = 10-18 atm, significant dewetting and porosity was observed, as
in previous experiments. Thus, it was determined that Cu-Al2O3 composite formation
under less reducing environments was a successful approach for minimizing Cu
dewetting but must be optimized to ensure full reduction of CuAlO2 within a
reasonable time frame.  Reducing at pO2 = 10-15 atm was determined to be the
optimum condition for full reduction with improved composite microstructure.
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However, further experiments demonstrated that reduction of CuAlO2 powders
under reactive gas flow in a tube furnace is a complex, dynamic process.  Factors such
as powder mass, powder packing, and gas flow rate were all observed to affect Cu
dewetting within the composite microstructure, likely due to these factors influencing
the dynamic pO2 within the tube during reaction. These factors are in addition to
others including gas composition, tube volume, and temperature.  A model for this
process might take the form of H2 input and H2 consumed by the system per unit
volume of powder per time, with gas composition, flow rate, and tube volume
dictating H2 input and temperature, powder mass, and powder surface area
determining H2 consumption.  The difference between input and consumption would
be the “excess” H2, which is a proxy for the dynamic pO2within the tube, which
determines the powder microstructure.  However, due to the unknown effect of pO2 on
the reduction kinetics, deconvoluting the dynamic pO2 is a complex problem that may
be solved through future experimentation and modeling.
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The practical outcome of this knowledge is that other variables besides gas
composition can be altered to control composite powder microstructure.  For example,
the effect of gas flow rate can be seen in Figure 5-18.  Reducing the flow rate of 95%
N2 5% H2 gas from 1 L/min to 0.1 L/min effectively had the same microstructural
effect on a CuAlO2 reduced for 3 hours at 850 – 1000 °C as increasing the pO2 of the
gas from 10-18 to 10-15 atm (compare to Figure 5-16).  Additionally, reduction of
annealing temperature from 1000 to 850 °C appeared to have a noticeable effect in
limiting Cu coarsening under 0.1 L/min flow, a similar result to that observed by
altering the gas composition.  This effect can be attributed to little microstructural
changes after significant dewetting has occurred, as opposed to minor wetting changes
that are apparent in the early stages of dewetting.  As seen in Figure 5-19, at 850 °C
for 3 hours under 95% N2 5% H2 flow at 0.1 L/min, very fine Cu-Al2O3 composite
powders can be fabricated with little evidence of coarsening or dewetting.  The Cu
particles in the figure are < 20 nm thick.
5.3.3. Cu-Al2O3 composite powder consolidation
High heating rates and the application of pressure made spark plasma sintering
an attractive consolidation technique for producing dense Cu-Al2O3 composite bodies
with minimal coarsening of the Cu nanoparticles.  However, several challenges limited
the success of this consolidation technique.
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Cu-Al2O3 composite powder with a fine, dense Cu nanostructure as in those
produced at 0.1 L/min gas flow was crushed with a mortar and pestle to break down
agglomerates and cold isostatically pressed at 275 MPa into a disk.  This disk was then
surrounded with Al2O3 powder, placed in a graphite die, and SPSed at 1000 °C for 30
minutes under 50 MPa of pressure under vacuum. As seen in Figure 5-20, little
densification occurred, though the Cu nanostructure was retained.  The poor particle
packing was identified as a primary obstacle to densification, thus attrition milling was
employed for particle size reduction.
Cu-Al2O3 composite powders were attrition milled for 2 hours in ethanol, and
the resulting powder microstructure can be seen in Figure 5-21.  Due to the
mechanical anisotropy in the Cu-Al2O3 composite as measured in the microcantilever
beam bending experiments, the milled powder particles took on a highly elongated,
acicular morphology.  An attempt was made to densify this powder through SPS at
900 °C for 30 minutes, using a lower temperature to account for the omission of the
Al2O3 insulating powder layer around the Cu-Al2O3 powder in the graphite die.  As
seen in the Figure, while densification was improved over the unmilled powder,
significant porosity was still observed. Additionally, large amounts of CuAlO2 were
observed (confirmed by XRD), likely the result of the reaction of Al2O3 and Cu
nanoparticles that had become oxidized during attrition milling.
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Given the non-optimal morphology of the milled Cu-Al2O3 powder, attrition
milling was instead applied to the CuAlO2 precursor powder. CuAlO2 powder
attrition milled for 2 hours in ethanol can be seen in Figure 5-22.  This powder was
then reduced at 700 °C for 1 hour under 95% N2 5% H2 flow at 1 L/min. A low
temperature was used due to the small particle size and high gas flow rate, and XRD
confirmed full conversion to Cu-Al2O3.  The Cu-Al2O3 powder can also be seen in
Figure 5-22, note the lack of evident lamellar structure.  This powder was SPSed at
900 °C for 30 minutes and achieved 99% density as seen in the Figure.  Also evident
is the presence of CuAlO2 at some of the Cu/Al2O3 interfaces.  This serves a beneficial
role in improving the wetting of Cu on Al2O3 and may improve adhesion. The
presence of CuAlO2 is likely the result of oxidation of the very fine Cu particles in the
Cu-Al2O3 composite powder, followed by reaction with Al2O3 during sintering.
Vickers microindentation was performed on the composite which had a measured
hardness of 4.08 GPa.
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Despite the full densification of the composite powder, the Cu nanostructure
has not been retained.  It was hypothesized that the CuAlO2 powder was in fact
overmilled, leading to loss of the Cu-Al2O3 lamellar nanostructure upon reduction due
to diffusion of Cu to the particle surfaces. Thus, a milling study was performed, to
determine the optimum conditions for producing a fine Cu-Al2O3 powder with
lamellar structure. CuAlO2 powder was attrition milled for 2 hours, with the slurry
sampled every 15 minutes and the powder imaged and particle size measured.  The
results can be seen in Figure 5-24.  After 15 minutes, a significant reduction in particle
size is observed as the large CuAlO2 agglomerates are broken down.  Beyond 15
minutes, particle size slowly decreases.  The maximum particle size remains
approximately 3 µm after milling, likely limited by the milling media size.
The milled CuAlO2 15 minute interval specimens were then reduced at 1000
°C for 1 hour to observe the effect of CuAlO2 particle size on Cu-Al2O3 composite
morphology.  As seen in Figure 5-25, the lamellar structure is observed in larger
particles, but is difficult to discern in very small particles.  In the very small particles
the proportion of surface Cu to lamellar Cu is very high, which would result in a
composite with little lamellar structure, as observed in Figure 5-22.  Based on these
results, “ideal” powder processing conditions were selected beginning with a 30
minute attrition mill of the CuAlO2 powder, followed by reduction under 95% N2 5%
H2 gas flow at 0.1 L/min, or 6600 ppm H2 + 20 ppm O2 + N2 at 1 L/min at 800 °C to
produce a small particle composite with fine, lamellar microstructure as in Figure 5-
26.
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SPS consolidation was again applied to the optimized powder at 900 °C for 5
minutes.  The microstructure of the consolidated composite can be seen in Figure 5-
27.  While the nanostructure was completely retained, significant porosity is present.
While packing is improved relative to SPS of unmilled powders, it is still insufficient
for sintering, and even where particle contact takes place, sintering is not observed.
Under the applied conditions, the combination of pressure and temperature is simply
insufficient for sintering of Al2O3.  Higher sintering temperatures were attempted as
seen in Figure 5-28.  SPS consolidation of the optimized powder at 1000 °C for 30
minutes resulted in loss of all nanostructure and melting of Cu resulting in large scale
coarsening.  In an effort to improve the density of the consolidated composites, the
ideal powder was mixed with 40% by volume coarse copper powder and SPSed at 900
°C for 5 minutes as seen in Figure 5-29. While the presence of the additional copper
improved the density in some places by filling in the gaps between Cu-Al2O3
composite particles, these areas also experienced coarsening through contact with the
Cu phase.  Overall the effect on densification was negligible.  Ultimately, it was
concluded that under the available conditions, SPS was an unsuitable technique for
densifying the Cu-Al2O3 powders.  Applying higher pressures using other specialized
furnaces may enable Cu-Al2O3 powder densification.
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While SPS was ineffective in producing dense Cu-Al2O3 composite while
retaining the composite nanostructure, aerosol deposition was utilized to produced
fully dense films with retained nanostructure as seen in Figure 5-30.  Films between
15 – 45 µm thick were produced with identical microstructures and full density.
Potentially thicker films could also be produced.  While the ADM process resulted in
fracture of the Cu-Al2O3 powder particles, and thus some change in morphology, the
hierarchical, lamellar microstructure of the composite is retained in the generated
films.  In fact, some particles appear to have minimally fractured and retain their
original microstructure as seen in (B).  Cu layers within the film are as small as 20 nm
thick.  Vickers microindentation was performed on the 45 µm thick film, and a
hardness of 4.40 GPa was measured.  This represents an 8% increase in hardness
compared to the dense Cu-Al2O3 composite produced through SPS that lacked
nanostructure.  Based on the constituent phases (Cu = 369 MPa, α-Al2O3 = 17.2 GPa)
and a rule of mixtures approximation (35.5% vol Cu), this value falls within the
expected range of 1.0 – 11.2 GPa.  However, this calculation is based on α-Al2O3
hardness which may differ from that of θ-Al2O3. Cursory testing of these films also
revealed potentially significant conductivity.
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5.4. Summary and Conclusions
Through the novel process applying partial reduction to precursor oxides powders
as opposed to bulk material, Cu-Al2O3 composite powders with nanoscale lamellar
microstructure were produced.  The effect of pO2 on the composite microstructure was
determined, and it was discovered that reduction at higher pO2 yielded a composite
with negligible Cu dewetting.  While full density was achieved through SPS,
nanostructure could not be retained.  Through ADM however, fully dense Cu-Al2O3
films with nanoscale lamellar microstructure were fabricated, up to 45 µm thick.  The
nanostructured films had a measured hardness of 4.40 GPa, 8% greater than the
hardness of Cu-Al2O3 lacking nanostructure produced through SPS.  It was
demonstrated that through the proposed process, Cu-Al2O3 powders with tailorable
microstructure could be produced in a scalable manner and consolidated into dense
material through additional processing techniques such as aerosol deposition.
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6. Significant Outcomes
Several significant outcomes resulted from the described projects.  In-situ partial
reduction was demonstrated to be a straightforward approach for producing tailorable
metal-ceramic composites in multiple systems. Microstructural features including
phases present, particle size, grain size, and crystallographic orientation can be
controlled through reduction heat treatment variables such as temperature, time, and
pO2.  Through control of microstructural features, composite properties such as
hardness and fracture toughness can be altered.  Nanocomposites can be produced
with unique orientation relationships between metal and ceramic phases, resulting in
the presence of metastable phases. Novel CoTiO3-TiO2 and Co-TiO2 composites with
a variety of microstructures including lamellar microstructures and nanocomposites
were produced. Microcantilever testing of metal-ceramic composites was
demonstrated for the first time.  A novel scalable process was demonstrated for
producing nanostructured, tailorable metal-ceramic composite powders for versatile
manufacturing including rapid prototyping such as aerosol deposition, which was
demonstrated for the first time with these materials.  Aerosol deposition was
demonstrated as a method for producing fully dense nanostructured metal-ceramic
composite thick films with lamellar microstructure.  Lastly, a novel process of single
crystal growth through phase transformation was described in the CoTi2O5 phase.
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7. Future Work
7.1. Novel metal-ceramic composite microstructures produced through the
partial reduction of CoTiO3
Future work should focus on characterization of the Co-TiO2 composites for
possible applications.  Possible properties to examine are magnetic and catalytic
properties.
7.2. Co-TiO2 nanocomposite produced through partial reduction of CoTiO3-
TiO2 eutectoid composite
Co-TiO2 lamellar nanocomposites should be more thoroughly characterized,
primarily through TEM.  TEM can be utilized to determine any orientation
relationships between the nano-cobalt and TiO2, and confirm the uniformity of the
single crystal TiO2 regions.  Large scale “single crystal” Co-TiO2 composites could be
produced by starting with phase pure single crystal CoTi2O5, and converting to “single
crystal” CoTiO3-TiO2 through eutectoid decomposition.  Partial reduction of this
composite may then yield a Co-TiO2 composite with a single TiO2 and Co orientation.
Consolidation of these powders can also be attempted through aerosol deposition,
followed by characterization of the resulting films.
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7.3. Single crystal growth of CoTi2O5 by solid state reaction synthesis
Future work should focus on producing phase pure, and large scale, subgrain-free
single crystal CoTi2O5.  The process for producing the single crystals can also be
applied to similar material systems with industrial applications.
7.4. Novel Scalable Processing and Mechanical Characterization of a Cu-
Al2O3 Layered Nanocomposite
Future work should focus on TEM characterization.  TEM can be utilized to
determine the microstructural differences between Cu-Al2O3 powders produced at
different pO2. Nanoindentation could also be utilized to determine any hardness
differences between these composites. TEM analysis can also be applied to ADM
films to determine the oxygen concentration and dislocation density in the Cu regions.
XRD can also be used to determine the residual stress in the Cu.  Alternative methods
for consolidation of composite powders should also be explored such as HIP or rapid
prototyping techniques such as selective laser melting.
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